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Abstract: Thermal barrier coatings (TBCs) can effectively protect the alloy substrate of hot
components in aeroengines or land-based gas turbines by the thermal insulation and corrosion/erosion
resistance of the ceramic top coat. However, the continuous pursuit of a higher operating temperature
leads to degradation, delamination, and premature failure of the top coat. Both new ceramic materials
and new coating structures must be developed to meet the demand for future advanced TBC systems.
In this paper, the latest progress of some new ceramic materials is first reviewed. Then, a
comprehensive spalling mechanism of the ceramic top coat is summarized to understand the
dependence of lifetime on various factors such as oxidation scale growth, ceramic sintering, erosion,
and calcium–magnesium–aluminium–silicate (CMAS) molten salt corrosion. Finally, new structural
design methods for high-performance TBCs are discussed from the perspectives of lamellar, columnar,
and nanostructure inclusions. The latest developments of ceramic top coat will be presented in terms
of material selection, structural design, and failure mechanism, and the comprehensive guidance will
be provided for the development of next-generation advanced TBCs with higher temperature
resistance, better thermal insulation, and longer lifetime.
Keywords: thermal barrier coatings (TBCs); ceramic material; degradation and failure; structure
design; long lifetime

1

Introduction

Aeroengine and land-based gas turbine technology is
the source power of the aircraft industry and clean
electric plants. The turbine gas temperature is the main
symbol of the technical level of aeroengines and
land-based gas turbines. The harsh service environment
under extremely high temperatures poses a severe
challenge to the strength, design, and manufacture of
high-temperature hot-section parts such as combustors,
blades, and nozzles. The current operating temperature
can no longer meet the needs of aeroengines with
higher thrust-weight ratios [1,2]. The main ways to
further raise the gas temperature are as follows: The
first is to develop higher-grade high-temperature
materials, the second is to develop an efficient blade
cooling structure design, the third is to prepare
directional crystal or single-crystal superalloy blades,
and the fourth is to develop advanced thermal barrier
technology.

Thermal barrier coatings (TBCs) are widely used on
hot-section components of aeroengines and land-based
gas turbines to protect superalloy substrates (SUB). The
TBC system can effectively isolate the high-temperature
gas from hot parts, protecting the superalloy by reducing
the alloy surface temperature. Thus the propulsion of
aeroengines can be further improved [3]. The conventional
TBC system consists of four layers, namely, substrate
(SUB), bond coat (BC), thermally grown oxide (TGO),
and top coat (TC), each of which is composed of materials
with different properties and functions, as shown in Fig.
1. The substrate is generally a high-temperature nickelbased or cobalt-base alloy to bear the mechanical load.
The bond coat is an antioxidation alloy transition layer
prepared on the substrate to protect the substrate from
oxidation and reduce the mismatch of the coefficient of
thermal expansion (CTE) between TC and SUB. The
TGO layer forms between TC and BC due to the
oxidation of bond coat and its formation is inevitable.
The ceramic top coat is the key part of TBCs to achieve
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Fig. 1 Typical double-layer TBC system composed of the ceramic top coat and bond coat, and its application to alloy structural
components in industrial fields.

thermal insulation.
Atmospheric plasma spraying (APS), electron beam
physical vapor deposition (EB-PVD), and plasma
spray physical vapor deposition (PS-PVD) are three
major approaches to prepare the ceramic top coats.
Commonly, the ceramic layer prepared by APS has
typical layered structure characteristics. The bonding
interface areas between splats (flattened and solidified
ceramic particles) in the conventional APS top coat
only account for less than one-third of the total
interface areas. The non-bonded interface provides a
low thermal conductivity but reduces fracture toughness
[4]. Different from APS TBCs, the ceramic layer
prepared by EB-PVD has a typical columnar structure
feature. The columns are perpendicular to the substrate,
regularly distributed, and weakly bonded, which
remarkably improves the strain tolerance of the coating
[5,6]. Therefore, the EB-PVD coating has a better
anti-spalling ability, especially under thermal cycling.
PS-PVD is a new film and coating preparation
technology developed by combining the characteristics
of plasma spraying and physical vapor deposition

technology. The coating prepared by PS-PVD has a
feather columnar structure, which has the advantages
of APS coating and EB-PVD coating. A comparison of
the thermal insulation performance and cyclic lifetime
of the coatings prepared by these three methods is
presented in Fig. 2.
The ceramic top coat should have the characteristics
of a high melting point, low thermal conductivity, good
phase stability, high CTE matching with superalloys,
good sintering resistance, etc. The top coat is a
prerequisite for realizing the heat insulation function
and is the key part of the TBC structure [12]. There are
few materials suitable for high-temperature TBCs.
Yttria partially stabilized zirconia (YSZ) is a typical
TBC material with the advantages of high toughness,
large CTE, and good stability. However, the phase
transformation of YSZ ceramic is inevitable during the
long-term service of TBCs at high temperatures,
especially for long-term thermal exposure of > 10,000 h
[13]. Moreover, ceramic sintering at high temperatures
can cause grain growth and porosity reduction, resulting
in a decline in the thermal insulation performance of
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the coating. With the increase in sintering time and
service temperature, the tetragonal toughening phase in
the YSZ ceramic decreases, and the cracking resistance
of the coating is lost. To obtain TBCs with higher

thermal insulation and longer lifetime, many new
ceramic materials have been developed [14–19], such as
rare-earth zirconate, niobate, and tantalate, as shown in
Fig. 3. These materials have excellent properties of low

Fig. 2 Comparison of the microstructure, thermal insulation performance, and thermal cycle life of TBCs obtained by several
popular preparation methods such as APS, EB-PVD, and PS-PVD. Reproduced with permission from Ref. [7], © ASM
International 2015; Ref. [8], © The Nonferrous Metals Society of China and Springer-Verlag GmbH Germany, part of Springer
Nature 2020; Ref. [9], © ASM International 2009; Ref. [10], © The Nonferrous Metals Society of China and Springer-Verlag
GmbH Germany, part of Springer Nature 2018; Ref. [11], © Springer Science + Business Media, Inc. 2005.

Fig. 3 Crystal structures of conventional zirconia, rare-earth zirconate, and some promising ceramic materials used for the top
coat of TBCs. Reproduced with permission from Ref. [2], © The Nonferrous Metals Society of China and Springer-Verlag
GmbH Germany, part of Springer Nature 2019; Ref. [15], © The Author(s) 2019.
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thermal conductivity, high phase stability, and high sintering
resistance. However, some intrinsic characteristics such
as lower CTE and fracture toughness limit their development
and application. Since the highest operation temperature
of most advanced superalloys is less than 1100 ℃,
these new ceramic materials are often used in conjunction
with conventional YSZ to form a double ceramic
structure, which can significantly improve the thermal
insulation performance and service lifetime of TBCs.
Due to the extremely high-temperature service
environment, delamination and failure of coatings
occur after several thermal cycles. The premature failure
induced by the spalling of the ceramic top coat is the
critical factor hindering application of TBCs for a long
service lifetime. The degradation of the ceramic top
coat is caused by the propagation and linking of
multiple microcracks, not by the sudden propagation of
a single crack [20–22]. For APS TBCs, a large number
of non-bonded lamellar interfaces in the ceramic layer
act as preset cracks [4]. When the strain energy at the
crack tip exceeds the fracture toughness of the material
under thermal- mechanical loading, the crack will
propagate. The growth and coalescence of microcracks
between lamellae can result in the formation of large
cracks. The connection between large horizontal and
vertical cracks induces the local ceramic spalling,
which ultimately leads to the failure of the coating
structure [23,24]. To improve the performance of
coatings and propose optimization strategies, it is
urgent to have a comprehensive understanding of the
failure mechanism of coatings.
There are many factors resulting in the spalling of
the ceramic top coat. The TBC is a multilayer structural
system. There is certain residual stress after coating
preparation [25], which is an important cause of early
crack propagation. When the coating undergoes multiple
thermal cycles, thermal mismatch stress (σt) will be
induced due to the different thermo-mechanical properties
between the layers [26]. Many research results have
indicated that TGO growth at high temperatures is one
of the critical causes affecting the coating failure [27,28].
Ceramic sintering at high temperatures is another key
factor for coating degradation and delamination [29,30].
Sintering can induce grain growth, microcrack healing, and
porosity reduction. The changes of microstructure will
increase the elastic modulus and hardness of the coating,
decrease the strain tolerance, and then induce coating
degradation. In addition to the intrinsic factors, calcium–
magnesium–aluminium–silicate (CMAS) corrosion [31–35]

and foreign object impact [36] are also vital elements
leading to the coating failure. CMAS from the external
environment will lead to a decrease in yttrium oxide
content and promote phase transformation. Moreover,
CMAS penetration seriously reduces the strain tolerance
of columnar TBCs. The damage forms of TBCs during
service are shown in Fig. 4. An in-depth understanding
of the failure mechanism of TBCs under actual service
conditions can contribute to the development of advanced
coatings at higher operating temperatures. Based on the
understanding of crack growth control factors, many
efforts have been made to obtain high resistance and
long lifetime TBCs, such as new material development,
TGO growth control, and spraying process optimization.
Additionally, the thermal cycling lifetime can also be
extended by decreasing the coating thickness while a
top coat with a high strain tolerance is used [37,38].
The quasi-columnar structure can be obtained by
preparing segment cracks through the coating [26,39],
which can significantly improve the strain tolerance
and spalling resistance of the coating.
The purpose of this paper is to review the progress
of ceramic coat materials, TBC degradation mechanisms,
and structure design with a long lifetime. In this work,
the research progress on the promising new materials
such as rare-earth zirconate, tantalate, and niobate for
ceramic top coats is first summarized from the aspects
of crystal structure and thermal-mechanical properties.
During the service, TBC failure may be caused by
stress, oxidation, corrosion, erosion, etc. An overview
of the cracking and spalling mechanisms of ceramic
top coats under different conditions is presented. In
addition, some structural design methods of long-life
coatings are also introduced from the perspective of
layered, columnar, and nano structures. This will
contribute to the development of advanced TBCs at
higher temperatures.

2

Ceramic materials for top coat

There are strict requirements for the selection of TBC
materials. The materials for ceramic top coat in TBCs
should possess the properties such as low thermal
conductivity, high melting point, high sintering
resistance, good phase stability, and the matching CTE
with the substrate. In addition, these materials should
also have excellent corrosion resistance and erosion
resistance. Therefore, there are few ceramic materials
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Fig. 4 TBC failure caused by extrinsic (particle erosion, CMAS corrosion, oxidation, etc.) and internal factors (ceramic
sintering) under the actual service environment. Reproduced with permission from Ref. [29], © ASM International 2004; Ref.
[40], © Society for Experimental Mechanics 2020; Ref. [41], © ASM International 2017; Ref. [42], © ASM International 2021.

suitable for TBCs. In addition to traditional zirconia,
researchers have also developed some new ceramic
materials such as rare-earth tantalate and niobate using
the advantages of material chemistry and rare-earth
chemistry. The development of these new materials
will serve as an important foundation for research of
high-performance coatings.
2. 1

Zirconia-based ceramics

In the oxide ceramics, the properties of ZrO2 approach
to the above requirements: the melting point is 2700 ℃,
the thermal conductivity is 2.0–2.4 W·m−1·K−1, and the
average CTE is approximately 10.8×10−6 K−1. For
these reasons, ZrO2 becomes the best choice for the
ceramic layer [43,44]. ZrO2 has three crystal structures:
monoclinic phase (m-ZrO2), tetragonal phase (t-ZrO2),
and cubic phase (c-ZrO2). The reversible phase
transformation temperatures between these three phases
are given as Eq. (1):
1180 ℃
2370 ℃

 t-ZrO 2 

 c-ZrO 2
m-ZrO 2 


950 ℃

2370 ℃

(1)

When the temperature reaches 1180 ℃, the phase
of ZrO2 changes from m-ZrO2 to t-ZrO2 with volume
shrinkage. However, as the temperature decreases to
950 ℃, the phase of ZrO2 changes from t-ZrO2 to
m-ZrO2 with volume expansion. The internal stress is
caused by the volume change, which leads to cracking
in the ceramic. To avoid the degradation caused by
phase transformation, it is necessary to stabilize ZrO2.
To improve the stability of ZrO2, cations with different
radii or valence states are doped in ZrO2 to change the
lattice constant of ZrO2 or introduce oxygen vacancies
into the lattice. The usual stabilizers used for ZrO2
include Y2O3, CaO, MgO, and CeO2. The 7–8 wt%
YSZ has excellent thermal shock resistance and is
most widely used in TBCs [45].
YSZ has low intrinsic thermal conductivity, high
fracture toughness, and high melting point, which makes
it a suitable material for ceramic top coats [46–48].
The benefits of using TBCs are that they can increase
the lifetime of hot-section components by lowering the
working temperature of the superalloy and improve the
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efficiency and performance of the engine by improving
the operating temperature. Because of the nonequilibrium
tetragonal phase structure (t'-ZrO2), YSZ can be used
under 1100–1400 ℃ in the long-term operation before
YSZ phase transformation from t'-ZrO2 to m-ZrO2 and
c-ZrO2. The volume expansion accompanying the phase
transformation can lead to coating cracking failure. If
the contents of impurities in YSZ are too high, rapid
ceramic sintering will cause the modulus to increase,
the toughness to decrease, and the lifetime to decrease.
There are three types of YSZ powders commonly
used for plasma spraying. Fused and crushed (FC)
powder shows an angular appearance and a dense inner
structure. Agglomerated and sintered (AS) powder
shows a spherical appearance, coarse surface, and
possible porous inner structure. Plasma processed hollow
sphere (HS) powder shows a spherical appearance,
smooth surface, and shell structure with a large pore in
the center. Compared with FC and AS powders, HS
powder has many merits. It can be melted better in a
plasma flame due to the large ratio of surface area to
mass. Moreover, the YSZ ceramic top coat prepared
using HS powder has a distinct microstructure such as
a larger fraction of splat interface and smaller splat
thickness, which make TBCs have lower thermal
conductivity and higher sinter resistance. This is because
there are peculiar fluid dynamics producing a counterjet
during the impact and spreading of hollow droplets
melted from HS powder [49].
The manufacturing process of FC powder contains
the following steps: The first step is to take the fusion
YSZ powder into bulk; the second step is to crush the
bulk to certain small-size particles; and the third step is
to screen out the powder particles with a defined
particle size range. The advantages of this process are
that the method is oversimplified and the particles are
compact. The disadvantages of this process are that the
prepared powders have irregular particle morphology,
undesirable mobility, and high impurity content. The
manufacturing process of AS powder can be divided
into the following steps: first, reconstituting micro
YSZ particles by spray granulation; second, sintering
the micro YSZ particles to improve the cohesion of
particles and removing impurities in particles.
The atmospheric plasma processing of porous YSZ
agglomerated powders is an effective method to produce
HS powder because the plasma flame has a higher
temperature than 5000 ℃. When a porous particle is
fed into the plasma flame, the particle surface is first

molten, and a liquid film is formed on the surface
quickly [50,51]. Gas in particles is entrapped due to the
surface tension of the liquid film. As a result, a liquid
droplet with gas inside is formed. When the liquid
droplet leaves out the high-temperature region in the
plasma flame, it solidifies and forms HS with a single
pore in the center. For HS powder, at a given particle
mass, the thinner the shell thickness and the higher the
surface/mass ratio is, the easier it is to melt by the
plasma flame, which is essentially important for coating
preparation under low plasma arc power during APS.
The relative shell thickness (ratio of shell thickness
and particle diameter) of the HS powder produced by
the plasma process is determined by the amount of gas
entrapped and the temperature of the entrapped gas
[52]. HS YSZ with a thinner shell thickness can be
obtained using AS powder with a larger initial porosity
under a higher temperature of entrapped gas. Gulyaev
[53] modified the shell thickness of HS powder by
remelting under controlled ambient pressure.
When the particle is fully melted, the formed droplet
has a force balance among inner pressure, surface
tension, and ambient pressure [11]. The higher the
inner temperature is, the higher the inner pressure is.
The droplet expands with larger volume and thinner
shell thickness. However, when the outer temperature
of the droplet is lower than the melting point of YSZ, it
begins to solidify gradually from the surface to the
center. At this time, the droplet cannot expand further.
However, if the ambient temperature is preserved
above the melting point, the outer surface of the droplet
will not solidify, and the droplet can still expand with
the increase in inner temperature. Thus, a particle with a
larger volume and a thinner thickness will be obtained
after the droplet solidifies. With the heat preservation
zone, the droplet can expand better. HS powder with a
larger volume and a thinner shell thickness can be
obtained accordingly [50,51].
The microstructures of nano YSZ, AS YSZ, and HS
YSZ are demonstrated in Fig. 5. The range of particle
size is from 5 to 20 nm for nano YSZ. AS YSZ is
subspherical, rough, and porous. HS YSZ has a spherical
smooth surface and a hollow interior. Compared with
FC YSZ, AS YSZ has more homogeneous particle size
distribution and high purity.
Aside from the stacking lamellar splats, the TBC
structure also contains features of pores and cracks.
The powder particle structure influences the defects of
TBCs [54–56]. Kulkarni et al. [54] prepared TBCs by

www.springer.com/journal/40145

992

J Adv Ceram 2022, 11(7): 985–1068

Fig. 5 Scanning electron microscopy (SEM) images of YSZ powders with different structures.

plasma spraying with the same spraying parameters but
different structures of powders. The coatings prepared
with FC YSZ contain the minimum porosity, consisting
of interlamellar pores, cracks, and globular pores.
However, TBCs prepared with AS YSZ have the
maximum porosity. TBCs prepared with HS YSZ
possess fewer globular pores, more interlamellar pores,
and more cracks.
The chemical composition issues of YSZ include the
content of Y2O3, the existing form and the distribution
uniformity of Y2O3, and the content of impurities. The
Y2O3 content affects the phase structure, mechanical
strength, and thermal conductivity of YSZ. The
nonuniform distribution of Y2O3, uncompleted solid
solution, and appearance of the m-phase, t-phase, and
c-phase in TBCs can lead to phase transformation and
coating failure. Thus, improving the distribution
uniformity of Y2O3, enhancing its solid solubility in
ZrO2, and increasing the cooling rate during the spraying
process are beneficial to raise the thermal stability of
TBCs.
The purity of YSZ mainly affects the sinteringresistance of TBCs. When the TBCs contain the oxide
impurities such as SiO2 and Al2O3, these impurities
would be enriched at the grain boundary, which could
accelerate the ceramic sintering to make the tiny pores
disappear. Such results may increase the modulus and
thermal conductivity of TBCs. The research by Vaßen
et al. [57] revealed that the shrinkage rate of TBCs
increased with increasing impurity content. The test of
(0.1%–0.2% SiO2 + Al2O3)–YSZ TBCs and (0.01%–
0.05% SiO2 + Al2O3)–YSZ TBCs after sintering for 20
h at 1400 ℃ by Paul et al. [58], indicated that the
shrinkage decreased by 1/5–1/3 with the impurity in
TBCs decreasing from 0.1%–0.2% to 0.01%–0.05%.
After TBC sintering for 100 h at 1400 ℃, the research
by Xie et al. [59] showed that with the decrease in
impurity content in TBCs, the m-phase content
decreased from 16% to 1%. Therefore, improving the
purity of YSZ is a key factor to improve the sintering

resistance of TBCs.
The 6–8 wt% Y2O3 stabilized ZrO2 (6YSZ–8YSZ)
exhibits good performance. However, the degradation
of the YSZ coating will occur by phase transformation
in which metastable t′ decomposes to the m-phase and
c-phase [60]. Additionally, the accelerated sintering of
YSZ coatings also occurs at high temperatures, which
will decrease the strain tolerance and thermal barrier
performance of TBCs [61]. Therefore, new TBC
materials are under investigation to reduce thermal
conductivity and improve sintering resistance.
Extensive efforts were made to improve the phase
stability and reduce the thermal conductivity of the
TBC materials. To stabilize the high temperature t′-phase
or c-phase to room temperature, different rare-earth
oxide additives are added to YSZ. Considerable efforts
are being invested in the search for alternative
additives, such as Gd2O3, Nb2O5, Sm2O3, Yb2O3, and
Sc2O3 [23]. Partial substitution of Gd and Yb in YSZ
can enhance the phase stability. The addition of
rare-earth oxides is accompanied by the generation of
oxygen vacancies and the square of the atomic weight
difference between the solute and host cations, all of
which can increase phonon scattering and further
reduce the thermal conductivity. Additives such as
Yb2O3, Nd2O3, Gd2O3, and La2O3 have been found to
be particularly effective in reducing the thermal
conductivity of YSZ TBCs. Ji et al. [62] calculated the
lattice distortion and bond population of ZrO2 as a
consequence of rare-earth element doping by first
principles based on plane-wave pseudopotential theory.
The results show that Gd–O has the smallest bond
population among the rare-earth oxides, and implies
the smallest thermal diffusion coefficient. The effects
of adding two additives, Nd2O3–Yb2O3, Gd2O3–Yb2O3,
or Sm2O3–Yb2O3 on the thermal conductivity of YSZ
were investigated by Bansal and Zhu [63]. It is found
that codoping two or more rare-earth oxides into YSZ
can significantly reduce the thermal conductivity, and
the lowest thermal conductivity was observed when the
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total dopant concentration was 10 wt%. Bansal and
Zhu [63] enhanced phase stability by substituting Gd
and Yb in YSZ. This means that larger atomic weight
difference between the solute (Gd,Yb) and host (Zr),
compared with that between Y and Zr, contributes to
the lower thermal conductivity of 5 wt% Gd2O3 and
5 wt% Yb2O3 co-doped 8YSZ (GYb–YSZ). On the
other hand, the substitution of Gd3+ and Yb3+ for Zr4+
causes substitutional defects and extra oxygen vacancies
for charge compensation [64]. GYb–YSZ are synthesized
by the process of hydrothermal crystallization. The
thermal conductivity of TBCs with GYb–YSZ at
1000 ℃ is investigated and compared with that of
TBCs with 8YSZ, as shown in Fig. 6.
The thermal conductivity of TBCs with GYb–YSZ
was approximately 0.85 W·m−1·K−1, which was 60%–
70% of that of 8YSZ. This was because the larger atomic
radius difference between Gd, Yb, and Zr, compared
with that between Y and Zr, contributed to a lower
thermal conductivity of GYb–YSZ. Moreover, the

Fig. 6 Thermal conductivities of TBCs with GYb–YSZ
or 8YSZ at 1000 ℃.

substitution of Gd3+ and Yb3+ for Zr4+ caused
substitutional defects and extra oxygen vacancies for
charge compensation, which could increase phonon
scattering and further reduce the thermal conductivity.
In brief, zirconia-based ceramics are a typical top
coat material with excellent toughness and comprehensive
performance. Except for widely applied YSZ, more
rare-earth elements and their combination can be
further added into zirconia to probe the further possibility
of reducing the thermal conductivity and improving the
high temperature stability. In addition, from the view
of sintering resistance, the purification of these
ceramics is also a promising approach considering the
balance between performance and economy.
2. 2

Rare-earth niobates

In addition to zirconate-based ceramics, there is still a
high demand for the exploration of new ceramic
materials for TBCs. In this case, rare-earth niobates
that are widely used as dielectric materials, magnetic
materials, protonic ceramic fuel cells (PCFC), and
luminescent materials have been considered as new
ceramic TBC materials [65–70]. As shown in Fig. 7,
there are four binary La–Nb–O compounds, with
chemical formulae of RE3NbO7, RENbO4, RENb3O9,
and RE2Nb15O33 where RE means rare-earth elements
[71]. RENb3O9 and RE2Nb15O33 will not be used for
ceramic top coat due to their low melting points.
Hence, among the rare-earth niobates, the RE3NbO7
and RENbO4 with relatively high melting points may
be suitable for ceramic TBC materials.

Fig. 7 Binary phase diagram of the La–Nb–O system. Reproduced with permission from Ref. [71], © Optical Society of
America 2014.
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RE3NbO7 was recently proposed as a new type of
promising ceramic TBC material [72–76]. The crystal
structure of RE3NbO7 is related to the ionic radii of
rare-earth elements. RE3NbO7 has two kinds of crystal
structures: an ordered orthorhombic weberite phase
and a disordered cubic fluorite phase. RE3NbO7 (RE =
Dy–Lu and Y) shows a cubic fluorite phase similar to
that of rare-earth zirconates when RE3+ has small ionic
radii and a corresponding space group Fm3̄m. For RE3+
having large ionic radii, the crystal structure of
RE3NbO7 is an orthorhombic weberite phase, with two
different space groups Cmcm (RE = La, Pr, and Nd)
and C2221 (RE = Sm–Gd) according to the space
symmetry. In weberite RE3NbO7, both cations and
anions are (including 1/8 oxygen vacancies) orderly
arranged in the crystal lattice. For RE3NbO7 with the
Cmcm space group, RE3+ occupies the Wyckoff positions
of 4a and 8g, and Nb5+ occupies the 4b position. While
for C2221 space group, RE3+ has two Wyckoff positions
4b and 8c with different chemical environments, and
Nb5+ also occupies 4b position. In fact, O2− also
occupies 5 Wyckoff positions with different chemical
environments in space group C2221.
This kind of crystal structure with a high concentration
of intrinsic oxygen vacancies has strong scattering effects

on phonons that can decrease the thermal conductivity
of RE3NbO7. To obtain low thermal conductivity, a
typical way is to increase the disorder of the structure,
e.g., by introducing defects, especially point defects.
By introducing at least 3–5 types of substitutional
atoms, ceramic materials can approach their theoretical
lowest thermal conductivities. However, such systems
dramatically increase the complexity of components,
which makes it difficult to prepare new TBCs with
designed stoichiometric ratios during thermal spray
processes. It is proven that RE3NbO7 (RE = Dy, Y, Er,
and Yb), a simple series of binary compounds, has
much lower thermal conductivities than that of YSZ
and most new ceramic TBC materials (Fig. 8(a)). The
thermal conductivities of RE3NbO7 (RE = Dy, Y, Er,
Yb) are in the range of 1.25–1.55 W·m−1·K−1 at 1273 K
with an amorphous-like temperature dependence
(Figs. 8(b)–8(e)). The theoretical minimum thermal
conductivities of RE3NbO7 (RE = Dy, Y, Er, Yb) are
estimated by the Cahill–Waston–Pohl (CWP) model.
The measured thermal conductivities of RE3NbO7
(RE = Dy, Y, Er, Yb) show the same increasing tendency
with the calculated thermal conductivities, which almost
approach their amorphous limits. The large chemical
inhomogeneity caused by the charge disorder and

Fig. 8 Thermal properties of RE3NbO7 (RE = Dy, Y, Er, Yb). (a) Thermal conductivities of RE3NbO7 compared to other new
ceramic TBC materials and conventional 7YSZ; (b–e) thermal conductivities of RE3NbO7 and RE2Zr2O7 and the minimum
thermal conductivity calculated by the CWP model and diffusion model. Reproduced with permission from Ref. [72], ©
WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim 2019.
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bonding fluctuation plays a key role in the low thermal
conductivity in compounds with simple compositions.
The ratio of Young’s modulus and thermal conductivity
(E/λ) is investigated, which is an index for the phonon
scattering rate of the vibration state. RE3NbO7 (RE =
Dy, Y, Er, and Yb) shows extremely large E/λ values. The
E/λ value of Dy3NbO7 far exceeds those of other low
thermal conductivity materials. High E/λ values suggest
an unprecedented scattering rate for rare-earth niobates.
The CTEs of weberite RE3NbO7 (RE = Dy, Y, Er,
Yb) are investigated as shown in Fig. 9(a). The CTEs
of RE3NbO7 are higher than those of La2Zr2O7 and
comparable to those of YSZ. Dy3NbO7 has the largest
CTEs that is approximately 11.0×10−6 K−1 at 1473 K.
The oxygen barrier property, chemical stability under
CMAS corrosion, and chemical compatibility with TGO
of RE3NbO7 (RE = Dy, Y, Er, and Yb) (Figs. 9(b)–9(d))
are better than those of YSZ. The oxygen conductivities
of RE3NbO7 are approximately three orders of
magnitude lower than that of YSZ, indicating its
excellent oxygen barrier property. A better CMAS
resistance is desirable for new ceramic TBC materials
that can retard the failure of TBCs. The corrosion
depth from CMAS of RE3NbO7 is approximately
20–60 μm, which is much smaller than that of YSZ
(~200 μm) under the same corrosion conditions,

suggesting that RE3NbO7 has better CMAS resistance.
The reaction between TGO and ceramic TBC materials
should be avoided as it can accelerate the failure of
TBCs. There is no reaction between RE3NbO7 and
Al2O3 (the main component of TGO), revealing the
better chemical stability of RE3NbO7.
The mechanical properties of RE3NbO7 (RE = Dy, Y,
Er, and Yb), in terms of fracture toughness, Vickers
hardness, and E, are explored. The fracture toughness
of RE3NbO7 is approximately 1.0 MPa·m1/2, which is
smaller than that of YSZ but comparable to rare-earth
zirconates. The elastic modulus E and Vickers hardness
of RE3NbO7 are slightly lower than those of YSZ, with
values in the range of 200–235 and 8.5–10.0 GPa,
respectively.
Rare-earth niobates with the chemical formula
RENbO4 (RE = La–Lu) are materials with ferroelasticity
below the critical temperatures (Tc) [77–79]. RENbO4
has two different structures: fergusonite-type and
scheelite-type structure. A reversible ferroelastic phase
transformation from the monoclinic fergusonite structure
to a tetragonal scheelite structure occurs approximately
Tc. A typical criterion for new ceramic TBC materials
is whether phase transformation occurs during application.
The ferroelastic phase transformation of RENbO4 is
acceptable as it is a second-order phase transformation

Fig. 9 Thermal, oxygen resistance, and CMAS resistance of RE3NbO7 (RE = Dy, Y, Er, and Yb) compounds. (a) CTE, (b)
Arrhenius plots for RE3NbO7 ceramic electronic conductivity, and (c, d) CMAS corrosion depths of Dy3NbO7 and YSZ.
Reproduced with permission from Ref. [75], © The American Ceramic Society 2019.
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without any variation in volume or latent heat [80]. In
other words, no extra stress is introduced during the
phase transformation of RENbO4. The crystal structure
of RENbO4 is shown in Fig. 10, revealing the lattice
distortion as a function of the ionic radii of RE3+. The
two structures of RENbO4 are composed of REO8
dodecahedra and NbO4 tetrahedra. The lattice distortion
is represented by the ratio of the distance of RE–O and
Nb–O in related polyhedra, which decreases as inionic
radii of RE3+ decrease.
The RENbO4 (RE = Nd, Sm, Gd, Dy, Er, and Yb)
compounds exhibit lower thermal conductivities than
that of YSZ, in the range of 1.80–2.26 W·m−1·K−1 at
1273 K, as shown in Fig. 11(a). The low thermal
conductivities of RENbO4 are attributed to the large
chemical inhomogeneity in terms of the charge
difference of cations and fluctuation of bonding length.
The CTEs of RENbO4 (RE = Nd, Sm, Gd, Dy, Er, and
Yb) compounds are not like those of conventional
ceramic TBC materials, with a linearly increasing tendency
at elevated temperatures (Fig. 11(b)). The CTEs of
m-RENbO4 show an increasing tendency and reach the
largest values at the ferroelastic phase transformation
temperature. After phase transformation, the CTE of
t-RENbO4 decreases inversely with temperature. NdNbO4

has the largest CTE (12.8×10−6 K−1) at the phase
transformation temperature, which is much higher than
that of YSZ due to the severe systematic distortion.
One of the important reasons why YSZ has high
fracture toughness is its ferroelasticity. As RENbO4
(RE = Nd, Sm, Gd, Dy, Er, and Yb) compounds also
have ferroelasticity, their fracture toughness was
investigated. The fracture toughness of RENbO4 (RE =
Nd, Sm, Gd, Dy, Er, and Yb) is in the range of
1.93–2.77 MPa·m1/2, which is lower than that of YSZ
but higher than those of most new ceramic TBC
materials. The crack propagation behavior of GdNbO4
indicates that the ferroelastic domain state is varied by
the interaction between the crack and ferroelastic
domain, inducing crack bridging and crack deflection
to absorb crack energy and increase the fracture
toughness (Figs. 11(c) and 11(d)).
In conclusion, rare-earth niobates with low thermal
conductivity and high temperature stability show higher
toughness than most new ceramic TBC ceramics
owing to ferroelasticity. To further increase the fracture
toughness of niobates, its ferroelastic domain needs to
be more deeply understood. Furthermore, crack bridging
and crack deflection behavior should also be
extensively investigated in the future.

Fig. 10 Crystal structures of RENbO4: (a) fergusonite-type crystal structure of m-phase, (b) scheelite-type crystal structure of
t-phase, (c) REO8 dodecahedron, and (d) NbO4 tetrahedron. Reproduced with permission from Ref. [77], © Acta Materialia Inc.
2020.
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Fig. 11 Thermal properties, crack propagation, and domain state of RENbO4 (RE = Nd, Sm, Gd, Dy, Er, Yb) ceramics: (a)
thermal conductivity, (b) CTE, (c) crack propagation path, crack bridging, and deflection, and (d) ferroelastic domain state.
Reproduced with permission from Ref. [77], © Acta Materialia Inc. 2020.

2. 3

Rare-earth tantalates

Tantalate-based ceramics are another new type of
alternative for TBCs. YTaO4, one type of TBC, is
expected to be used in an environment where the
temperature exceeds 1600 ℃ [81]. Moreover, RETaO4
(RE = Nd, Eu, Gd, Dy, Er, Yb, and Lu) ceramics will
be used to replace YTaO4 to obtain TBCs with lower
thermal conductivity and better fracture toughness at
high temperatures. XRD patterns and Raman spectra of
these ceramic materials are shown in Fig. 12. Previous
studies [82,83] reported that the rare-earth tantalate
RETaO4 with a relatively high RE3+ concentration will
be a promising new candidate material for microchip
lasers and has attracted much attention as a potential
rare-earth-doped laser host. Wang et al. [84] reported
that doped and un-doped RETaO4 have chemical
stability and show many other promising characteristics
such as photoelectronic activity, ion conductivity, and
luminescence. Lanthanum rare-earth tantalates (RETaO4)
are also proposed as replacement materials for nextgeneration TBCs because of their excellent thermal
properties and low hardness at high temperatures.

RETaO4 materials were investigated in terms of the
synthesis, Vickers hardness, heat capacity, and thermal
conductivity. The RETaO4 ceramics were fabricated
using a solid-state reaction. The YbTaO4 and LuTaO4
compounds were mʹ-phases with the space group P2/a
(13), and the others were m-phases with the space
group I2 (5). According to group theory, the difference
in crystalline symmetry and vibration mode between
m- and m'-phases may cause Raman shifts [85]. Compared
with the m-phase, YbTaO4 and LuTaO4 in the m'-phase
have a larger mean atomic mass and shorter ion radius,
which decrease the crystalline volume and increase the
bulk density. Thus, the anharmonic vibration among
the atoms is strong. The typical microstructures of
RETaO4 samples are shown in Fig. 13. Granular RETaO4
was observed in the microstructure with a grain size of
approximately 2–14 μm.
Based on the Neumann–Kopp rule [86], the specific
heat capacities of the RETaO4 specimens were calculated
as a sum of the atomic heat capacities of the constituent
oxides. The specific heat capacities of the compounds
are shown in Fig. 14(a). The specific heat capacities
rapidly increase with increasing temperature because
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Fig. 12 (a) XRD patterns and ICDD PDF data of RETaO4 (RE = Nd, Eu, Gd, Dy, Er, Yb, and Lu) ceramics and (b)
room-temperature Raman spectra. Reproduced with permission from Ref. [84], © Acta Materialia Inc. 2016.

Fig. 13 SEM photographs of RETaO4 (RE = Nd, Eu, Gd, Dy, Er, Yb, and Lu) ceramics. (a) NdTaO4, (b) EuTaO4, (c) GdTaO4,
(d) DyTaO4, (e) ErTaO4, (f) YbTaO4, and (g) LuTaO4. Reproduced with permission from Ref. [84], © Acta Materialia 2016.

Fig. 14 Specific heat capacities and thermal diffusivities of RETaO4. (a) Dependence of the specific heat capacities of RETaO4
(RE = Nd, Eu, Gd, Dy, Er, Yb, and Lu) ceramics on the temperature and (b) thermal diffusivities of RETaO4 compounds and
7YSZ. Reproduced with permission from Ref. [84], © Acta Materialia 2016; Ref [87], © Chinese Journal of Aeronautics 2012.
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of the volumetric expansion and phonon excitation.
The RETaO4 specimens have much lower heat capacities
than those of 7–8YSZ [87,88], which decreases the
thermal conductivity of RETaO4 ceramics. The thermal
diffusivities of the RETaO4 samples are shown in Fig.
14(b). The RETaO4 specimens with higher thermal
diffusivities at low temperatures slowly decrease with
increasing temperature, possibly because of the effect
of the porosity and phonon conduction behavior.
At low temperatures, the mean free path of phonons
is determined by the factors such as the in-harmonic
lattice vibration, grain size, or grain boundary. The
phonon mean free path l(ω,T) can be divided into
several independent parts as Eq. (2) [89]:
1
1
1
1



l ( , T ) li ( , T ) lp ( , T ) lb

(2)

where li(ω, T), lp(ω), and lb are the phonon mean free
paths because of the intrinsic phonon–phonon scattering,
point defect scattering, and grain-boundary scattering,
respectively. As reported, when RETaO4 ceramics are
single-phase (m-phase), and there are no substitution
ions, lp(ω) can be neglected. Moreover, the mean free
path of the phonon is lower than the grain size, with
RETaO4 ceramics, the grain boundary scattering lb can
also be omitted. Therefore, the phonon mean free path is
mainly controlled by the phonon Umklapp scattering
processes. When the temperature is higher than the
Debye temperature, the interactions among acoustic
phonons are affected by anharmonic Umklapp
processes. The thermal conductivity (λ) is calculated as
Eq. (3) [90]:



1 m
C ( )l ( , T )Vd
3 0

(3)

where C(ω), V, and ωm are the specific heat capacity of
the material, average phonon velocity, and maximum
vibrational frequency, respectively. C(ω) is a constant
when the temperature is higher than the Debye
temperature. V is determined by the interatomic
interaction. Therefore, the thermal conductivities are
mainly determined by the phonon mean free paths.
According to Wu et al. [91], the phonon mean free
path is inversely proportional to the temperature (l ∝
1/T). Consequently, with an increase in the temperature,
the vibrational energy, frequency, and impact probability
of phonons increase, whereas the phonon mean free
paths decrease, which results in the decreased thermal
conductivity. Thus, the thermal conductivity of the
RETaO4 ceramics decreases with increasing temperature.

In general, an increase in the complexity of the
crystal structure tends to decrease the thermal
conductivity because the number of optical phonons
that is not significantly responsible for thermal transport
increase. Table 1 shows that Yb3+ and Lu3+ have
smaller ionic radius and larger atomic mass than the
Nd3+, Eu3+, Dy3+, Gd3+, and Er3+ ions, which leads to
different phase-transition temperatures and crystal
structures of rare-earth tantalite. It is well known that
different phases have different phonon mean free paths
and heat transfer behaviors, which lead to different
thermal conductivities of the samples. NdTaO4, EuTaO4,
DyTaO4, GdTaO4, and ErTaO4 are m-phase, and
YbTaO4 and LuTaO4 are mʹ-phase. All of them belong
to the m-phase, and their crystal structures are not
complicated. In addition, because the m- and m'-phases
have similar chemical bonds, the m- and m'-phases
have little difference in thermal conductivity.
When the temperature increases to 800 ℃ , the
thermal conductivities of the RETaO4 ceramics approach
their minimum values. The lowest thermal conductivity
was 1.38 W·m−1·K−1 at 800 ℃ for DyTaO4. The
thermal conductivity of NdTaO4 with 1.41 W·m−1·K−1
at 800 ℃ was close to that of DyTaO4. The low
thermal conductivities of RETaO4 ceramics are likely
because of the ion radius, number and size of pores,
and low specific heat and thermal diffusivities from
RETaO4 ceramics. Additionally, 7–8YSZ has many
oxygen vacancies at low temperatures, which decreases
the thermal conductivities of 7–8YSZ. Thus, 7–8YSZ
has lower thermal conductivities than NdTaO4, DyTaO4,
ErTaO4, YbTaO4, and LuTaO4 at low temperatures.
However, oxygen vacancies weakly affect the thermal
conductivities and the anharmonic effect is obvious
when the temperature increases. Hence, NdTaO4, DyTaO4,
ErTaO4, YbTaO4, and LuTaO4 have lower thermal
conductivities than that of 7YSZ at high temperatures.
Table 1 Space groups, lattice parameters, cell volumes,
and densities of RETaO4 ceramics
RE

Space
group

Nd

I2 (5)

5.5205 11.2581 5.1203

0.983

316.65

8.164

a (Å)

b (Å)

c (Å) RE3+ (Å) V (Å3)

ρ
(g·cm−3)

Eu

I2 (5)

5.4127 11.0740 5.0848

0.938

303.33

8.807

Gd

I2 (5)

5.4339 11.1122 5.0682

0.947

305.61

8.626

Dy

I2 (5)

5.3556 10.9805 5.0617

0.912

269.26

9.080

Er

I2 (5)

5.3169 10.9103 5.0503

0.890

291.61

9.389

Yb P2/a (13) 5.2528

5.4298 5.0702

0.868

143.77

9.655

Lu P2/a (13) 5.2382

5.4298 5.0604

0.861

143.13

9.620
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In summary, tantalate-based ceramics are good
candidates for TBCs, particularly in high-temperature
applications. The high density and the high cost will be
compensated by its excellent properties. Due to a lack
of comprehensive understanding of tantalate compound
coatings, experiments on both the coating deposition
and thermal exposure behavior should be further
systematically investigated in the future.
2. 4

Rare-earth zirconates

Rare earth zirconate materials exhibit the potential to
become a new generation of TBC materials. The
properties of rare-earth zirconates are inseparable from
their unique structure. According to r(RE3+)/r(Zr4+) and
temperature, rare-earth zirconates (RE2Zr2O7) usually
have a pyrochlore structure (P) or a defective fluorite
structure (F), as shown in Fig. 15, which both belong
to a face-centered cubic space lattice. The pyrochlore
structure belongs to the Fd3m (227) space group,
which can be regarded as an ordered defective fluorite
structure. There are four crystallographically unequal
atomic positions, which can be written as RE2Zr2O6O'.
The 16d position is usually occupied by cations with a
larger radius (such as rare-earth elements) in the crystal
structure of pyrochlore, which can coordinate with
8O2− to form a cube. Zr4+ with a smaller radius is
located at the 16c position and only 6O2− surround to
form an octahedron. There are three different O2− lattice
positions in the pyrochlore-type rare-earth zirconate
structure: 8b, 48f, and 8a, where O' is at the 8b spatial
position; O is at the 48f spatial position; and the
oxygen vacancy is located at 8a and in a tetrahedron
formed by 4Zr 4+ . The fluorite structure can be
represented by AO2. The cation of the fluorite structure
has only one crystallographic position, and O2− also
has only one crystallographic position, which is in the
center of the surrounding cations. For the defective
fluorite structure of rare-earth zirconate, 1/8 of the
oxygen ion vacancies are randomly distributed. The

orderly distribution of oxygen vacancies is the main
difference between the pyrochlore structure and defective
fluorite structure. Some rare-earth zirconates such as
Gd2Zr2O7, Sm2Zr2O7, and Nd2Zr2O7 will change their
crystal structure as the temperature increases, while
some rare-earth zirconates such as La2Zr2O7 can maintain
a stable pyrochlore phase from room temperature to
the melting point.
Whether in the pyrochlore structure or the defective
fluorite structure, there is an oxygen vacancy in the
molecular unit of rare-earth zirconate A2B2O7, which
can enhance the phonon scattering to reduce the
thermal conductivity. Therefore, rare-earth zirconate
materials have low thermal conductivity. According to
the results reported by Wu et al. [92] and Maloney [93],
the thermal conductivities of La2Zr2O7, Sm2Zr2O7,
Nd 2 Zr 2 O 7 , and Gd 2 Zr 2 O 7 are between 1.5 and
2 W·m−1·K−1 at 800 ℃, which is significantly lower
than that of YSZ. Feng et al. [94] calculated the
thermal conductivity of rare-earth zirconate pyrochlore
materials using first principles and showed that the
thermal conductivity of Gd2Zr2O7 and Nd2Zr2O7 was
anisotropic. Table 2 lists the thermal conductivity of
some rare-earth zirconates at 1473 K [95]. Xu et al. [96]
synthesized Dy2Zr2O7 with a defective fluorite structure,
whose thermal conductivity is 1.31 W·m−1·K−1 at
800 ℃. Aruna et al. [97] prepared La2Zr2O7 coatings by
APS, and the thermal conductivity of the coatings was
only 1.08 W·m−1·K−1. Yu et al. [98] found that the
thermal conductivity of Sm2Zr2O7 coatings prepared
by APS was in the range of 0.36–0.46 W·m−1·K−1. Wan
et al. [99] found that the doping of Yb3+ could cause
the Sm2Zr2O7 to undergo an order–disorder transition,
and due to the increase in phonon scattering, the lowest
thermal conductivity occurred at (Sm2/3Yb1/3)2Zr2O7.
High-entropy rare-earth zirconate materials, which further
improve the performance of rare-earth zirconates, have
extremely low thermal conductivity due to their
complex composition and a large amount of lattice
distortion. Li et al. [15] prepared high-entropy
(La 0 . 2 Nd 0 . 2 Sm 0 . 2 Eu 0 . 2 Gd 0 . 2 ) 2 Zr 2 O 7 and found
Table 2 Thermal conductivities of some rare-earth
zirconate materials at 1473 K [95]
Material

Fig. 15 Crystal structure of the rare-earth zirconate:
(a) fluorite structure and (b) pyrochlore structure.

Thermal conductivity (W·m−1·K−1)

La2Zr2O7

1.98

Gd2Zr2O7

1.91

Sm2Zr2O7

2.09

Nd2Zr2O7

1.83
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that its thermal conductivity was lower than 1 W·m−1·K−1,
which is much lower than those of conventional rare-earth
zirconates. The crystal structure and thermal conductivity
of the high-entropy rare-earth zirconate are shown in
Fig. 16. Li et al. [100] prepared the Sm2Zr2O7–NiCr2O4
composites, which showed great radiant heat barrier
capability. Ma et al. [101] added SiC particles to
Sm2Zr2O7 to reduce its photon thermal conductivity, as
shown in Fig. 17.
In addition, the increase in the oxygen vacancy
concentration increases the asymmetry of the potential
well, which is conducive to the increase in the CTEs.
Fan et al. [102] calculated the CTEs of rare-earth
zirconate materials with the molecular dynamics method,
and the results are shown in Table 3. The CTEs of
rare-earth zirconate materials are mainly affected by
Zr–O bonds due to the anharmonicity of atomic
vibrations. For the same composition, the fluorite
structures always have a high CTE relative to the
corresponding pyrochlore structures due to weak
bonding strength. Shimamura et al. [103] tested the
CTEs of a series of rare-earth zirconates and found that
the CTE of RE2Zr2O7 decreases with increasing radius

of the rare-earth ions. Zhou and Yi [104] prepared a
series of La2Zr2O7 doped with Dy and Ce. The doped
material exhibits lower thermal conductivity and
higher CTE than undoped La2Zr2O7. In addition, they
found that doping rare-earth cations at the RE3+ site in
RE2Zr2O7 pyrochlore significantly reduced the thermal
conductivity, and doping Ce4+ cations at the Zr4+ cation
site in RE2Zr2O7 resulted in higher CTE. Liu et al.
[105,106] prepared (MgxLa0.5−xSm0.5)2(Zr0.7Ce0.3)2O7−x
and (La0.4Sm0.5Yb0.1)2(Zr0.7Ce0.4)2O7.4, whose composition
and structure were relatively complicated. This
complexity of composition and structure can significantly
reduce the thermal conductivity and increase the CTE.
Different from the thermo-physical properties, the
bonding strength of the rare-earth zirconate coatings is
lower than that of the YSZ coatings. For the Y2O3 and
Ta2O5 co-doped Gd2Zr2O7, Xue et al. [107] reported
that after doping, not only the thermal conductivity of
doped materials decreases but also both E and the
high-temperature phase stability increases. References
[108,109] have shown that the bonding strength of
rare-earth zirconate coatings can be greatly improved
by selecting an appropriate powder particle size and

Fig. 16 Structure and thermal property of high-entropy rare-earth zirconates: (a) crystal structure and (b) thermal
conductivities. Reproduced with permission from Ref. [15], © The Author(s) 2019.

Fig. 17 Photon thermal conductivities of Sm2Zr2O7–SiC composites: (a) 2 vol% SiC, (b) 5 vol% SiC, and (c) 10 vol% SiC.
Reproduced with permission from Ref. [101], © The Author(s) 2020.
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Table 3 CTEs of rare-earth zirconate materials
calculated by the molecular dynamics method [102]
Material

CTE of pyrochlore (10−6 K−1)

CTE of fluorite (10−6 K−1)

Nd2Zr2O7

7.80

9.71

Sm2Zr2O7

7.77

9.55

Eu2Zr2O7

7.81

8.88

Gd2Zr2O7

7.91

9.18

Er2Zr2O7

8.00

9.02

Yb2Zr2O7

7.99

9.37

Lu2Zr2O7

8.57

9.39

spraying parameters. The RE2Zr2O7/YSZ double-layered
coatings were prepared to effectively improve the
bonding strength of the coatings effectively. In addition,
the research by Doleker et al. [110] indicated that the
TGO growth rate of La2Zr2O7/YSZ double-layer
coatings is lower than that of YSZ because of the low
oxygen diffusion rate. Jasik et al. [111] prepared the
La2Zr2O7/ La2Zr2O7 + 8YSZ/8YSZ coating, which has
a smaller interlayer mismatch and higher service life.
Although the thermal conductivity of rare-earth
zirconate has been reduced compared with YSZ, there
are still several problems that urgently need to be
solved to utilize the advantages of rare-earth zirconates.
(1) Efforts are required to explore approaches to develop
rare-earth zirconates with lower thermal conductivity
and higher CTE. The CTE of RE2Zr2O7 is still low
which has a certain mismatch with the NiCoCrAlY
bond coat. (2) Improving the mechanical properties of
rare-earth zirconate materials is needed. The fracture
toughness and lifetime of the RE2Zr2O7 coatings are
lower than those of the YSZ coatings. (3) The higher
temperature properties of RE2Zr2O7 are still not well
understood. Thus, research is still needed to clarify
how the properties of RE2Zr2O7 materials change at
higher temperatures. (4) Research into the infrared
radiation properties of rare-earth zirconate at high
temperatures is necessary. The contribution of thermal
radiation to heat transfer has increased at high
temperatures and cannot be ignored, and high emissivity
results in TBCs with a certain thermal radiation
blocking ability.
In short, although YSZ has many excellent
characteristics, such as high toughness and large CTE,
and increasing the purity of YSZ can improve its
sintering resistance, it is prone to phase transformation
at temperatures higher than approximately 1200 ℃.
New materials to replace YSZ are being developed to
meet the operating environment of TBCs. Co-doping

multiple rare-earth oxides into YSZ can significantly
reduce the thermal conductivity. Other new ceramic
materials, such as RE3NbO7, RETaO4, and RE2Zr2O7,
show lower thermal conductivity than YSZ. In addition,
they also have high chemical stability and CTE
comparable to YSZ. However, the fracture toughness
of these new materials is usually lower than that of
YSZ. Although TBCs directly deposited with new
materials exhibit high thermal insulation performance,
the lifetime of these coatings is usually relatively low.
Therefore, the multiple-layered ceramic coating systems
composed of YSZ and new materials have become a
promising strategy to obtain high-performance TBCs.

3

Degradation and delamination of ceramic
top coat

The spalling of the ceramic layer, which limits the
lifetime of TBCs, is caused by many factors. All these
factors lead to the mechanical strain and stress which
are the direct driving forces for coating spalling. After
the coating is prepared, a certain level of residual stress
appears within the TBCs. Under the actual service
conditions of the TBCs, the harsh operating environment
also results in mechanical strain and stress. These
include stresses induced by thermal mismatch, ceramic
sintering, and phase transformation. All stresses are
important causes of coating cracking. Moreover, the
crack evolution in ceramic layers is also affected by
oxide growth. In addition, external corrosion and
erosion are also critical factors inducing ceramic
cracking. A comprehensive understanding of the failure
mechanism of coatings has become a prerequisite for
the development of new TBCs.
3. 1

Ceramic delamination by top coat stresses

3.1.1 Quenching stress
Quenching stress is the first important stress within a
thermal sprayed top coat. Compared with the
conventional bulk structure, a thermal sprayed ceramic
coating has low modulus and bonding strength [112],
while quenching stress is related to the evolution of
residual stress in a thermal sprayed top coat. The
cracks and pores between lamellae are two essential
characteristics of thermal sprayed ceramic coatings.
These two essential characteristics reveal that large
cracking stress is produced during coating deposition.
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Obviously, understanding the origin of deposition
stress would be of great importance for further coating
structure design.
Intra-splat cracks are directly related to the deposition
stress. However, the final intra-splat crack patterns are
always considered disordered and irregular [113] since
the detailed formation process of intra-splat cracks has
been scarcely concerned. To identify the regularities of
intra-splat crack patterns, both geometry and topology
were stated and distinguished, as shown in Fig. 18.
According to topology theory, edges and vertices are
applied to the description of the space-dividing network.
A vertex in topology is the point where a younger
crack meets an older one, and an edge is the part of the
crack between two of these adjacent vertices. According

to geometry theory, ‘‘sides’’ and ‘‘wedges’’ (or ‘‘corners’’)
must be taken into consideration to describe the shape
of a cell. A side of a pattern is the part of the contour
that is delimited by two wedge-shaped singularities
(corners) [114–116]. Moreover, a side can be curved,
but its curvature should be continuous in geometry.
Consequently, the points where two edges intersect in
the specified pattern belong to the vertices in topology
but do not necessarily form the wedges in geometry. In
this way, both the number of sides and neighbors for
crack patterns were statistically analyzed, as shown in
Fig. 19. The statistical analyses yield that the average
number of sides and neighbors is approximately 4 and
6, respectively [117].
The crack patterns can be reconstructed with successive

Fig. 18 Geometry and topology: (a) distinction between topology and geometry of La0.5Sr0.5CoO3 patterns with straight crack
paths and (b) La2Zr2O7 patterns with zigzag crack paths. Reproduced with permission from Ref. [116], © ASM International 2016.

Fig. 19 Statistical histograms of the number of sides (black bars) and neighbors (red bars) for patterns in (a) TiO2,
(b) La0.5Sr0.5CoO3, (c) La2Zr2O7, and (d) YSZ splats. Reproduced with permission from Ref. [116] for (a–c), © ASM
International 2016; Ref. [117] for (d), © ASM International 2016.
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domain divisions based on the cracking criterion of the
greatest motivation [117], as shown in Fig. 20. The
domain in Fig. 20(a) is selected to present the
evolution of crack patterns from Figs. 20(b) to 20(f).
When the crack driving force further develops, a crack
arises near the center and joins the edge at 90°, as
shown in Fig. 20(c). As the driving force develops,
cracking occurs successively and divides the domain
into increasingly smaller patterns in Figs. 20(d)–20(f).
With decreasing domain size, the crack extension
trajectory becomes increasingly deterministic. Domain
divisions proceed iteratively in this way and never stop
until the greatest motivation of patterns is insufficient
to drive cracking. Finally, a peculiar hierarchy emerges.
It is widely believed that the interlamellar pores are
retained during the formation process of splats for some
reasons, such as low impact pressure [118], condensates
and adsorbates on the substrate surface [119,120], rather
than deposition stress. However, various epitaxial growth
[121–125] of various splat/substrate combinations was
found under extremely low deposition temperatures
and large lattice mismatches. This clearly suggests that
deposition stress dominates the formation of lamellar
pores. To understand the origin of deposition stress, the

epitaxial interfaces were examined by a high-resolution
transmission electron microscope (HR-TEM) in detail.
As a result, anomalous incommensurate homoepitaxial
growth [126] with mismatch-induced dislocations in
thermally-sprayed YSZ splats to create a homo-interface
was observed, as shown in Fig. 21.
Apparently, the anomalous epitaxial growths are
related to deposition processing. During thermal spray
deposition, the epitaxial film formation goes through
five stages, as shown in Fig. 22. First, the molten
droplet heated and accelerated by the plasma torch
impacts the substrate with a high velocity, as shown in
Fig. 22(a). Then, the droplet rapidly spreads on the
substrate forming a liquid film, as shown in Fig. 22(b).
During the third stage, solidification/epitaxial growth
starts, and the liquid film transforms into a solid
epitaxial film on the single-crystal substrate, as shown
in Fig. 22(c). After epitaxial growth, the film together
with the substrate rapidly cooled to room temperature,
as shown in Fig. 22(d). Finally, an epitaxial film
bonded on the single-crystal substrate was observed, as
shown in Fig. 22(e).
Obviously, dislocations and cracking formed during
either the solidification or cooling process. During film

Fig. 20 Propagation from large to small scale. As the crack driving force develops, the crack patterns in (a) the selected domain
evolve from (b) to (f). The crack orders from (c) to (f) are the first (bold black line), second (red lines), third (blue lines), and
fourth orders (fine black lines), respectively. Reproduced with permission from Ref. [116], © ASM International 2016.
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Fig. 21 Microstructure and quantitative characterization of the homoepitaxial YSZ–YSZ interface. (a) Bright-field (BF)-TEM,
(b) dark field (DF)-TEM, (c) HR-TEM, and (d) fast Fourier transform (FFT)–inverse fast Fourier transform (IFFT) images of the
film deposited at 300 ℃. The interface region is marked by two pink dashed lines. The dislocations in (d) are marked by red
signs. Reproduced with permission from Ref. [126], © ASM International 2017.

Fig. 22 Detailed film formation process during the present liquid homoepitaxy by thermal spray technology. (a) Molten droplet
with high-speed impacts on single-crystal substrate surface, (b) droplet quickly spreads on the substrate forming a liquid film, (c)
liquid film starts solidification on substrate forming a solid epitaxial film, (d) during the subsequent cooling, the epitaxial film
would shrink with the temperature from Ts to Tr, and (e) epitaxial film/substrate system was formed at room temperature. The
blue dashed lines in the epitaxial film in (d) denote the position in the case of free shrinkage. Reproduced with permission from
Ref. [126], © ASM International 2017.
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spreading and solidification, the lattice parameter of
the film decreased with decreasing temperature.
However, since the substrate was much larger than the
film in all three dimensions, the substrate worked as a
rigid body. As a result, the temperature in the whole
substrate (except the region covered by the molten film)
remained nearly unchanged. As expected, the localized
substrate covered by the molten film was significantly
heated during the film spreading and solidification
process, but the expansion of this region was strongly
constrained by its cold surroundings, as shown in Fig.
22(c). Consequently, the lattice parameter of the film
was larger than that of this locally-heated substrate
during epitaxial growth, and net dislocations were
produced in the interfacial layer to negate the lattice
mismatch at the film–substrate interface. After epitaxial
growth, the film together with the substrate would rapidly
cool to room temperature, as shown in Fig. 22(d).
However, the degree of thermal shrinkage between the
film and substrate was significantly different. The
temperature change in the epitaxial film during cooling
was from Ts to Tr, while it was actually only from Td to
Tr for the corresponding substrate, as shown in Fig.
22(d). Compared with free shrinkage (marked by the
blue dashed lines in Fig. 22(d)), large tensile stress in
the epitaxial film was thus produced due to the
constraints of the substrate.
Therefore, large quantities of dislocations were
produced during the solidification process, while cracking
occurred during the cooling process. Both were due to
the constraint effect of cold surroundings on the
locally-heated substrate. In other words, quenching
stress is produced in a temperature range from the
melting point of splat to the deposition temperature
(in-situ substrate temperature), while the thermal
mismatch stress σt (introduced in Section 3.1.2) is
produced in a temperature range from the deposition
temperature to room temperature.
In brief, quenching stress is produced during coating
preparation by rapid cooling after the solidification of
hot splat on the cold substrate surface. Although
intra-splat cracks and inter-splat pores release some of
this quenching stress, the chemical bonding region
between the splats will maintain some quenching stress
in the as-sprayed ceramic top coat.
3.1.2 Thermal mismatch stress
In addition to quenching stress, thermal mismatch-induced
stress is another important stress for TBCs. For the

as-prepared TBCs, both quenching stress and σt
contribute to residual stress, which can be examined by
both experiment and simulation [25,127,128].
Furthermore, during thermal cycling, a much larger
mismatch stress will be produced due to the different
CTEs of the superalloy substrate and the ceramic top
coat.
After the coating is prepared, it will go through the
process of heating and cooling in the process of
thermal cycling. The CTE of the superalloy substrate is
usually slightly higher than that of the bond coat, and
the CTE of the bond coat is higher than that of the
ceramic layer. Although the thickness of TGO is very
thin, it has the highest modulus and the lowest CTE
compared with the other layers. At the same time, TGO
will continuously grow at high temperatures, leading to
an increase in its thickness. During the thermal cycle,
the different CTEs of each layer will induce a large σt
[129–131]. In addition, the growth of TGO at high
temperatures leads to the local irreversible plastic
deformation of the bond coat. Therefore, the internal
stress of the ceramic layer near the interface induced
by thermal mismatch will continue to increase in the
heating or cooling stage of the subsequent thermal cycle.
If only one two-dimensional (2D) stress–strain
model containing substrate and coating is considered,
σt can be expressed as Eq. (4):

 t  Ec T

1
12

(4)

where Δα is the difference in the CTE between the
coating and the substrate, ΔT is the temperature
difference during cooling, υ is the Poisson’s ratio of the
coating, and Ec is the elastic modulus of the coating. In
fact, the coating thickness is not considered in this
analytical formula. Therefore, it is not applicable when
the coating thickness is considered in the model. It is
noted that the interface morphology and roughness of
the ceramic layer and bond coat have a great influence
on the local stress state and amplitude in the coating,
which is not considered in the above theoretical formula.
Many studies on σt have been reported [25,26,132].
It is shown that the thermal mismatch degree between
the ceramic and substrate layers directly affects the
service life of TBCs. Wei et al. [133] studied the
internal stress state of a ceramic layer induced by a
thermal mismatch during a thermal cycle without TGO
growth by the finite element method, as shown in
Fig. 23. It can be seen that tensile stress appears at the
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ceramic layer near the top of the bond coat at the
heating end. Since TGO growth at the high temperature
stage is not considered, the stress in the coating does
not change in the dwelling stage. When the coating is
cooled from high temperature to room temperature, the
tensile stress above the peak and the compressive
stress in the valley increase. The shear stress is located
near the peak during the thermal cycle.
Moreover, Wei et al. [133] also studied the
accumulation and change in the crack tip energy of a

ceramic layer induced by thermal mismatch during
thermal cycling, as shown in Fig. 24. When TGO
growth is not considered, the energy at the crack tip is
still close to zero during the cooling phase. When TGO
growth is included, the energy at the crack tip reaches
approximately 62 J·m−2. Moreover, when the coating
undergoes the cooling process, the energy at the crack
tip further increases to 72 J·m−2. The comparison
between Figs. 24(c) and 24(d) shows that TGO growth
is very important to the evolution of the crack driving

Fig. 23 Stress distributions in the ceramic layer during one thermal cycle: (a–c) normal stress and (d–f) shear stress.
Reproduced with permission from Ref. [133], © ASM International 2019.

Fig. 24 Evolution of strain energy at the crack tip under different stages during one thermal cycle: (a) heating stage, (b)
dwelling stage, and (c, d) cooling stage. The models only in (a)–(c) contain the TGO growth. Reproduced with permission from
Ref. [133], © ASM International 2019.
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force in the coating, which cannot be ignored. The
comparison between Figs. 24(b) and 24(c) shows that
the growth of TGO affects the stress induced by
thermal mismatch in the subsequent cooling process,
which is caused by the permanent deformation of the
bond coat.
Because the TBC sample is a three-dimensional (3D)
structure, the σt in the coating analyzed by the 2D
model may be different from that in the real coating.
Bäker and Seiler [134] used two kinds of 3D models to
study σt in the ceramic layer during a cooling process,
as shown in Fig. 25. It can be seen that the tensile
stress is still located near the ceramic layer, which is
consistent with the 2D model analysis. However, the
difference is that the tensile stress range under the 3D

model is larger. Of course, the amplitude and TGO
thickness of the model adopted by the two authors are
different, so the stress amplitude is not comparable. In
general, the predicted stress distribution in the ceramic
layer induced by thermal mismatch is the same
whether using the 2D or 3D model.
Krishnasamy et al. [135] analyzed the stress state
and crack propagation behavior induced by σt during
cooling by using the macro–micro integration model,
as shown in Fig. 26. The thermal mismatch dominated
by the substrate leads to the initiation and propagation
of coating edge cracks during cooling. Moreover, it can
be observed from the splat model that the combination
of microcracks leads to the formation of large cracks.
Ranjbar-Far et al. [136] built a ceramic layer model

Fig. 25 σ22 stress distribution in the TC layer under different 3D models cooled to room temperature: (a) grooved model and (b)
sinusoidal model. Reproduced with permission from Ref. [134], © ASM International 2017.

Fig. 26 Stress state and crack behavior at room temperature in different models: (a) pore model and (b) splat model.
Reproduced with permission from Ref. [135], © The Author(s) 2019.
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formed by stacking flattened particles through a
self-developed program to study the interface crack
and ceramic crack propagation behavior induced by
thermal mismatch between layers, as shown in Fig. 27.
Due to the difference in CTE between the ceramic
layer and substrate, a large σt appears at the tip of
cracks in the ceramic layer and at the interface. When
the cumulative strain energy at the crack tip is greater
than the fracture toughness of the coating, crack
propagation occurs. Moreover, with the cooling process,
σt increases, and then the crack length is extended.
Therefore, the thermal mismatch between layers is
very important for the delamination and failure of the
ceramic layer.
Based on the research results on σt, there are two
methods to improve the spalling resistance of the
coating. One is to find new ceramic materials with
CTE close to the substrate, and the other is to release σt
by preparing a vertical crack through the coating. To
reduce σt and improve the TBC lifetime, both aspects
need more investigation in the future.
3.1.3 Sintering stress
During thermal exposure, sintering of the ceramic top
coat will occur because the ceramic coatings often
appear to be porous. Usually, sintering leads to obvious

Fig. 27 Crack states in the TC layer at room temperature
without considering TGO growth. Reproduced with
permission from Ref. [136], © ASM International 2012.

structural changes resulting in performance degradation
[137,138]. First, the thermal insulation effect is reduced
due to increased thermal conductivity [139,140].
Therefore, sintering distinctly threatens the thermal
barrier function. Second, sintering makes the coatings
stiffen [141]. The poor strain tolerance facilitates the
generation of sintering stress [142–145]. This is one of
the main causes for the spallation or delamination of
TBCs since it promotes the formation of large-scale
cracks. Therefore, the sintering is one driving force
responsible for failure and threatens the durability of
TBCs [143,146,147]. Overall, sintering stress is inevitable
during thermal exposure and has negative effects on
TBC performance. This section reviews the sintering
of TBCs from the following aspects: (i) intrinsic
characteristics of TBCs; (ii) essential structural changes
during sintering; (iii) sintering mechanism of TBCs;
and (iv) sintering stress and its effect on cracking. A
better understanding of sintering stress would contribute
to the development of advanced TBCs with long life
spans.
The intrinsic characteristic of TBCs is the basis for
understanding the sintering process. It is well known
that plasma-sprayed TBCs are porous structures that
benefit the thermal insulation and strain tolerance.
Therefore, examination of the evolution of porosity is a
common way to characterize the sintering process.
However, porosity cannot effectively present the
structural changes in TBCs. There are at least two
reasons. On the one hand, TBCs often present unique
porous structures, as shown in Fig. 28 [7,148]. Plasma
spraying is a widely-used method to prepare the top
coat of TBCs. The coating is formed in a layer-by-layer
manner. Each layer consists of many splats generated
from molten particles in a plasma flame. During the
spraying process, a stream of molten particles is
impacted on the substrate. Subsequently, the molten
particles undergo lateral flattening, rapid solidification,
cooling, and finally form disk-shaped splats [149,150].
Therefore, a thermally-sprayed coating often exhibits a
lamellar microstructure, which makes the pores appear
to have multiple morphologies. The imperfect bonding
between lamellar splats results in the formation of
inter-splat pores that often have an in-plane orientation
(parallel to substrate). The net-form cracks inside splats,
called intra-splat cracks, further divide the splats into
several segments. The inter-splat pores and intra-splat
cracks appear to be approximately several micrometers
to several tens of micrometers, whereas they only have
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Fig. 28 Structural characteristics of plasma-sprayed TBCs: (a) lamellar structure formed by layer-stacking. Reproduced with
permission from Ref. [7], © ASM International 2015. (b) Three kinds of pores. Reproduced with permission from Ref. [148], ©
ASM International 2013.

scales of approximately several nanometers to several
tens of nanometers in the third direction. Therefore,
they can be regarded as 2D defects [7,151]. Moreover,
the 2D-shaped intra-splat cracks and inter-splat pores
are actually linked with each other, forming a 2D pore
network, as shown in Fig. 29 [7]. In addition, some
globular voids can still be seen in plasma-sprayed
TBCs. These 3D voids are caused by the incomplete
filling of molten droplets onto the rough surface
(substrate or prior deposit). The co-existence of 2D
pores and 3D pores makes the plasma-sprayed TBCs a
unique porous structure. In contrast, for porous
ceramic structures that were prepared by conventional
processing methods, the voids often appear to be in 3D
spherical shapes only. Due to the unique microstructure,
the porosity of plasma-sprayed TBCs is approximately
10%–15% [139,140]. In contrast, the thermal conductivities [139,148,152–154] and elastic moduli [155–158]
of coatings are often lower than 50% with respect to
the corresponding bulk materials. In brief, plasma-sprayed
TBCs exhibit unique lamellar structures. The intrinsic
characteristic is the 2D splats around with 2D pores or
cracks, similar to the composited structure.

Fig. 29 2D pore network formed by the connection of
inter-splat pores and intra-splat cracks. Reproduced with
permission from Ref. [7], © ASM International 2015.

Sintering leads to structural changes in TBCs in a
special way. Densification is a common result of
sintering in porous ceramic structures. Thus, the porosity
should decrease. However, as mentioned above, the
porosity change cannot essentially characterize the
structure of plasma-sprayed TBCs. It has been reported
that the degree of change in porosity during thermal
exposure is less than 30% [139]. In contrast, the
changing degrees of mechanical and thermal properties
can be as large as 50% or more [141]. The structural
changes should be consistent with the properties.
Given the unique porous structure of plasma-sprayed
TBCs, the 2D pores play a significant role in the
sintering process. Figure 30 shows the evolution of the
polished cross-section of plasma-sprayed TBCs during
thermal exposure [13]. It is easy to recognize several
significant changes. From an apparent view, the initial
state was a porous structure, whereas it became much
denser. When taking a closer view, it is found that the
2D pores (including inter-splat pores and intra-splat
cracks) disappeared significantly. As a result, some
continuous lines were divided into several segments,
which means that the 2D pores become much shorter.
The width or opening of 2D pores significantly affects
the disappearance of 2D pores. Pores with large widths
can still be seen even after long-term thermal exposure.
The width-related healing behavior of 2D pores is
revealed during thermal exposure [159]. In addition to
direct observation, the changes in 2D pores can be
investigated statistically, which presents the changes in
the length density of 2D pores at different states [160].
During thermal exposure, the degree of change in the
2D pore length density is over 50%, which is closer to
the properties and much greater than that of the porosity.
This suggests that the change in 2D pores is consistent
with the property changes. The relationships between
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hardness and microstructure that are characterized by
2D pores and porosity were reported [161]. If the
porosity and 2D pore density change to 0, the normalized
hardness should be 1. The predicted limit value based
on 2D pore density is 1.02, which is much closer to the
theoretical value (i.e., 1). As a comparison, the predicted
limit value based on porosity is 1.4. Another phenomenon
to prove the 2D pore change is the disappearance of
large voids of approximately several tens of microns.
These large voids arise from the preparation of polished
samples [162]. In the as-sprayed state, weak bonding
between splats leads to spalling of some splats, which
appear to have a void-like morphology. After sintering,
the bonding is enhanced due to the sintering of inter-splat
pores. Therefore, nearly no large voids can be seen
after thermal exposure. In brief, the essential structural
change during sintering is the healing of 2D pores,
which can be well correlated to the change in properties.
Sintering of 2D pores proceeds in a special way that
is different from conventional sintering of porous
structures. As a result, the sintering kinetics are different
at different sintering stages [160]. The rates of change
at the initial dwell time are much faster. Then they
slow down significantly. As a result, the initial dwell
time finishes most of the changing degrees. For
example [161], the changing degrees of porosity, 2D
pore density, and hardness were 83%, 66%, and 83%,
respectively. These results suggested that the total
sintering process is obviously nonlinear. It can be
transformed into nearly linear trends by taking the
logarithm treatment. The total evolution can be
approximately divided into two stages according to the
change rates. The dividing boundary is located at
10–20 h and is dependent on temperature [163]. The
increasing slope and increment at the first stage were
much larger than those in the following stage. The
stage-sensitive sintering process is highly related to the
unique microstructure of plasma-sprayed TBCs.

Commonly, the objective of sintering is to decrease the
free energy by matter transfer. Therefore, the sintering
of porous ceramic structures is inevitable due to the
high surface energy caused by pores. For conventional
powder metallurgy, sintering proceeds by forming
necks between ceramic powders, followed by their
growth in diameter. However, for plasma-sprayed
TBCs, the sintering process is structure specific due to
the 2D pores, especially the inter-splat pores between
layers. Cipitria et al. [151] made a large step to
investigate the sintering process based on the layerstacking model. However, their predicted results cannot
account for the stage-sensitive sintering kinetics since
the healing of inter-splat pores proceeds by a gradual
increase in the bonding area. In fact, the healing of
inter-splat pores is completed in a multi-contact way.
As shown in Fig. 31 [164], the pores change from
continuous lines to separated segments. In other words,
some areas of the pores were bridge-connected. The
multiple contacts are caused by roughening of the pore
surface. The roughening effect has been reported in
previous reports with different materials, such as YSZ
[165]. As shown in Fig. 32 [164], the initial pore
surface is smooth. After thermal exposure, the surface
evolves to be roughened by grain boundary grooving
and surface faceting effects. At the narrow part of the
pores, the roughening causes multiple contacts of the
counter-surfaces of pores. During sintering, the sintering
rate is determined by the rate of matter transfer. The
multiple contacts between pores provide more ways to
transfer matter at the same time. As a result, the
sintering kinetics are much higher at the first stage
driven by the multiple contacts. In summary, the
sintering of plasma-sprayed TBCs proceeds in a
multi-contact way due to the unique microstructure.
This special sintering process results in an ultrafast
increase in the mechanical and thermal properties,
which affects the performance of TBCs.

Fig. 30 Evolution of the polished cross-section of plasma-sprayed TBCs during thermal exposure at 1400 ℃: (a) 0 h, (b) 20 h,
and (c) 100 h. Reproduced with permission from Ref. [13], © ASM International 2018.
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Fig. 31 Changes in 2D pores during thermal exposure at 1300 ℃: (a) 0 h and (b) 1 h. Reproduced with permission from Ref.
[164], © ASM International 2015.

Fig. 32 Roughening behavior of the pore surface during thermal exposure at 1300 ℃: (a) 0 h and (b) 100 h. Reproduced with
permission from Ref. [164], © ASM International 2015.

Sintering stress is mainly caused by stiffening of
TBCs. The sintering stress is highly related to the
sintering process and has a significant effect on the life
span of TBCs. As mentioned above, the sintering
process mainly refers to the healing of 2D pores, which
is dominantly responsible for the stiffening of TBCs
(or increase in elastic modulus). Some papers correlated
the change in elastic modulus with 2D pores by
structural models. Li et al. [166] developed a structural
model formed by the stacking of disk-shaped splats
with limited bonding area. The model predicted an
out-of-plane elastic modulus that is well consistent
with the experimental data. In further work, they
modified the structural model by inserting intra-splat
cracks to form a 2D pore network [7]. The anisotropy
of the elastic modulus can be well predicted. Moreover,
this model can simulate the change in bonding ratio at
different stages that refer to the healing of inter-splat
pores. Therefore, a more reasonable relationship between
the elastic modulus and structural change during thermal
exposure can be obtained [160]. From an overall view,
the model prediction exhibits two-stage trends that are

consistent with experimental data, despite temperatures
or directions. Moreover, the ultrafast healing of 2D
pores by multi-contact can be realized by the ultrafast
increase in the bonding ratio. Therefore, the change in
elastic modulus at the first stage can be well captured.
In brief, sintering of plasma-sprayed TBCs proceeds
mainly by healing 2D pores, which causes the
stiffening of TBCs.
Based on the sintering-induced stiffening behavior,
the effects of sintering on the stress and driving force
of interfacial cracking (strain energy release rate (SERR))
upon stiffening were investigated [167], as shown in
Fig. 33. With the increase in the elastic modulus, the
stress at the crack tip was significantly increased. After
thermal exposure, the driving force for interfacial cracking
can be two times larger than that of the as-deposited
state. The effect of the elastic modulus on the SERR
can be quantitatively obtained from Eq. (5) [141]:
h

E( y ) 2

0

2(1   )

Gi  

dh

(5)

where Gi is the SERR, h is the distance from the crack
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to the coating surface, E(y) is the elastic modulus at a
depth of y from the free surface, and ε is the applied
strain.
Furthermore, the stress state upon temperature cycling
was also investigated [168]. During thermal cycling,
the coatings become stiffened, controlled by a subroutine.
Similarly, the stress concentrated at the crack tip
increases during sintering, meaning that the crack more
easily propagates, as shown in Fig. 34. The stiffening
caused by sintering also results in a distinct increase in
SERR. The change in SERR appears to be a non-linear
feature, which is consistent with the increase in the
elastic modulus. The change in SERR is faster at the
initial stage.

The layer-stacking structure with a large quantity of
2D pores effectively prevents heat flux [148]. This is
the advantage of plasma-sprayed TBCs on thermal
barrier performance. However, a sintering-induced
increase in stress and driving force for cracking results
in a short life span for plasma-sprayed TBCs. This is
the main limit for conventional plasma-sprayed TBCs
if compared to the sintering-resistant TBCs with hybrid
structures [169] or columnar structures, such as TBCs that
are prepared by EB-PVD [170] or the dense-vertically
cracked technique (DVC) [171]. In fact, the as-deposited
TBCs exhibit high strain tolerance due to the micropore
network [143,157,160]. However, sintering leads to the
healing of 2D pores. The coating becomes stiffened, and

Fig. 33 Effects of sintering on stress and SERR at the crack tip: (a) stress and (b) SERR. Reproduced with permission from
Ref. [167], © Elsevier Ltd and Techna Group S.r.l. 2019.

Fig. 34 Evolution of stress at the crack tip with temperature: (a) shear stress and (b) normal stress. Reproduced with
permission from Ref. [168], © Published by Elsevier Ltd on behalf of The editorial office of Journal of Materials Science &
Technology 2021.
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the stress is increased significantly. This is one of the
main causes responsible for the failure of plasma-sprayed
TBCs.
To prolong the TBC lifetime, the sintering resistance
of the ceramic top coat needs to be further improved.
In addition to use new materials with better sintering
resistance, pore structure tuning is also a promising
strategy toward enhancing high temperature sintering
resistance for longer lifetimes of next-generation TBCs.
3.1.4 Phase transformation stress
Phase transformation of the ceramic top coating
produces extremely large stress due to the different
specific densities of different phases. Two kinds of
phase transformations are investigated for typical
TBCs. One is the physical phase transformation which
means only the crystal structure changes and no
chemical component changes, and the other is the
chemical phase transformation such as oxidation of the
bond coat.
The physical phase transformation of zirconia leads
to the exceptional deformation ability, high toughness,
and reliability of TBCs, which mainly involves the
t-to-m transformation. From high temperature to low
temperature, pure zirconia has three phases, i.e., c-phase,
t-phase, and m-phase. The c-phase is stable above
2643 K. When the temperature decreases to 2643 K, a
c-to-t phase transformation occurs. The t-phase is
metastable. When the temperature further decreases to
1223–1373 K, the t-phase will change to an m-phase
with a 3%–4% volume expansion. Since phase
transformations occur alongside huge volume strain
and shear strain, large stress will generate inside the
zirconia ceramics, which will often induce cracks. As
shown in Fig. 35, at a fixed temperature and pressure,

Fig. 35 Illustration of the free energy relation between
metastable t-phase and stable m-phase.

the Gibbs free energy (ΔG) relation of the t-phase and
m-phase is illustrated. There is an energy barrier (ΔG*)
between these two phases. Controlling ΔG* can control
phase transformation kinetics. Through alloying another
oxide with pure zirconia will increase ΔG* or decrease
the driving force of phase transformation and thus can
stabilize or partially stabilize the t-phase [172].
The t-to-m phase transformation is a non-diffusion
controlled process and is martensitic. Thermal energy
and/or stress can drive atoms to overcome the barrier,
and crystals shift between the two phases. On the one
hand, the phase transformation leads to the thermoelastic
and ferroelastic properties of zirconia [173,174], which
is the origin of toughness. On the other hand, the huge
volume expansion and shape change alongside the
m-to-t phase transformation over 1443 K induce huge
stress and lead to failure [175], which is the main
bottleneck of the higher temperature application as
YSZ TBCs. During service, YSZ is constrained by the
substrate, and the total free energy change (ΔGm–t)
consists of three parts:
ΔGm  t = ΔG + ΔU e + ΔU i

(6)

where ΔG is the difference in chemical-free energy
between the t-phase and m-phase, ΔUe is the elastic
energy change during phase transformation, and ΔUi is
the interface energy generated between two phases.
The phase transformation stress depends mainly on
ΔUe. The third term ΔUi indicates that the particle size
and morphology also influence the phase transformation,
which has been observed [176]. The stress generated
during phase transformation in zirconia is very
complicated due to the complex phase distribution and
orientation. When developing new TBCs, new ceramic
materials have to be introduced to form double layer
TBCs or gradient TBCs to ensure that the YSZ works
below 1443 K [177,178], e.g., to introduce La2Zr2O7 in
TBCs.
To date, there have been many types of research on
the phase transformation of zirconia ceramics, mainly
related to TBCs. The phase transformation in EB-PVD
YSZ during annealing was carefully investigated by
XRD [179]. The phase content, evolution, and yttria
distribution were analyzed during annealing. The residual
strains and stress originating from the distortion related
to the phase distribution were also discussed. The present
phase transformation mechanism is complicatedly
dependent on temperature, stress, and environment.
However, utilizing the key mechanisms governing the
martensitic transition, the 2D phase-field model can
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still present a rather reasonable simulation [180]. During
cooling from high temperature, microcracks will form
in zirconia due to t-to-m phase transformation. Some
experimental studies showed that cracking is produced
by the thermal expansion mismatch between groups of
the crystallographic variant [175]. Under uniaxial
compression, the deformation of zirconia nanopillars is
determined both by dislocation and phase transformation.
The simulation results showed that the plastic
deformation of zirconia nanopillars strongly depends
on the crystallographic orientation [181]. Because the
phase transformation at a microscopic level is very
complicated, there are only very few well-developed
continuum models to describe the deformation and
stress of the t-to-m phase transformation.
Chemical phase transformation in the TBC field
mainly means the oxidation of the bond coat. During
TGO growth, large compressive stress is generated at
the oxide-metal interface, which leads to the spallation
of TBCs [182–185]. Numerous studies have been
conducted on this subject. During long-term service,
the TGO develops in two stages, first Al2O3 forms, and
then porous mixed oxides form. The mixed oxides
grow much faster than Al2O3. This will lead to
catastrophic stress in TBCs and eventually induces
delamination of TBCs [186]. In addition, ceramic
sintering will accelerate this procedure [187]. The
finite element method has been extensively applied to
study the TGO effect on the failure of TBCs. Recently,
a finite element model considering phase transformation
with mechanics was developed for the lifetime
estimation of TBCs, in which TGO was simulated by
an Allen–Cahn type phase-field approach, and the
predication of the plastic strain and stress due to TGO
growth is possible [188]. The residual stress in TGO can
be measured by photoluminescence piezospectroscopy.
It was found that the average residual stress with rough
morphology decreases with thermal cycling and
eventually leads to failure along the TGO/YSZ interface
[189–191].
In some circumstances, the physical and chemical
phase transformations are coupled, e.g., the oxidation
of zircaloy. During the oxidation process, t-zirconia
first appears at the interface between the oxide and
zircaloy. Upon oxide thickening, the t-phase transforms
to the m-phase, and the transformation and cracking in
zirconia lead to the breakaway oxidation of zircaloy
[192]. Some scholars have also pointed out that the
chemical-dependent phase transformation of bond

coats is a prominent driving force for the spallation of
TBCs. To prevent the early failure of TBCs, minimizing
the formation rate of γ′ and the martensitic phases is
necessary [193].
The phase transformation of zirconia ceramics is a
double-edged sword for TBCs. On the one hand, it
makes YSZ an exceptionally tough ceramic. On the
other hand, it induces huge stress in TBCs above
1443 K. For the further development of TBCs serving
for higher temperatures, new materials and new structures
must be applied in the future.
3. 2

Ceramic delamination by oxidation scale growth

3.2.1 TGO growth during thermal exposure
The growth of TGO generated by the oxidation of the
bond coat is an important factor leading to the spalling
failure of the TBCs. This is because the strain energy
in TGO has a positive linear relationship with the
thickness of the TGO layer. When TGO grows to a
critical thickness, usually 5–10 μm, the large strain
energy accumulated in TGO will eventually lead to
cracking in the TGO or near TGO layer, resulting in
subsequent TBCs failure.
An accurate understanding of the TGO growth
kinetics is of great practical significance because it can
be used to correctly predict the lifetime of TBCs.
Usually, the growth behavior of the TGO layer can be
described by a conventional parabolic kinetics model.
According to this model, the influence of grain
boundary diffusion on the growth of TGO is ignored,
and it is assumed that the growth behavior of the TGO
layer is completely dominated by bulk diffusion. In
this case, the growth rate of TGO is shown in Eq. (7),
which is a parabolic rule.

t  k 2

(7)

where δ is the TGO thickness, k is the rate constant,
and t is the oxidation time. However, it has been
reported that the growth of α-Al2O3 is dominated by
the diffusion of oxygen ions through grain boundaries
[194]. Therefore, the growth behavior of TGO cannot
be accurately described by using the conventional
parabolic kinetics model.
An alternative TGO growth model is reported based
on the growth behaviors of TGO thickness and grain
size changing with time [194]. It can be seen from Eq.
(8) that this model is a modified model based on a
conventional parabolic kinetics model, which is derived
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by treating the TGO growth rate constant as a variable
varying with the TGO grain size.

t  366.9(e0.5  0.5  1.02)

(8)

As shown in Fig. 36, in a relatively short oxidation
time, the results obtained by this model are in good
agreement with the results predicted by the conventional
parabolic kinetics model and are consistent with the
actual experimental results. For a longer oxidation time,
the modified model is more consistent with the actual
experimental results and gradually deviates from the
parabola rule.
Since grain boundary diffusion plays a key role in
the growth of TGO, the growth rate of the TGO layer
can be reduced by increasing the grain size of TGO.
Meng et al. [195–198] prepared a TGO layer with a
large grain size on the surface of the bond coat by
developing a series of controlled atmosphere
pretreatments. A TGO layer with an average grain size
up to 1 μm can be prepared by controlling the initial
oxide film morphology on the surface thermal sprayed
MCrAlY bond coat by adjusting the oxygen partial
pressure of the heat treatment [195,196]. It can be seen
from Fig. 37 that when the TGO grows to the same
thickness, the time required by the heat-treated bond
coat is 14 times slower than that of the as-sprayed
bond coat [195]. The larger grain size of the TGO layer
significantly inhibited the TGO growth rate.

3.2.2 Cracking by TGO growth
To understand the mechanism of TBC cracking caused
by TGO growth, the formation of TGO must be first
understood. In the early stage of TGO formation, TGO
is mostly alumina. However, the mechanism of

Fig. 36 Comparison between conventional parabolic
kinetics and Zhang’s non-parabolic kinetics. Reproduced
with permission from Ref. [194], © Elsevier B.V. 2017.

Fig. 37 Comparison between the growth rate of the
heat-treated bond coat and the as-sprayed bond coat.
Reproduced with permission from Ref. [195], © Elsevier
Ltd. 2020.

controlling TGO growth has been controversial. Sun et
al. [199] argued that the diffusion of aluminum is
inhibited by the reactive elements in BC and TC, and
TGO growth is mainly affected by the oxygen inward
diffusion rate. Meanwhile, the columnar grain structure
of TGO is formed, which is more conducive to oxygen
diffusion. Most of the new oxides are located at the
interface between the TGO and bond coat. Additionally,
a small part of the oxide forms in the grain boundary of
TGO [200]. Nevertheless, some studies indicate that
TGO growth is dominated by Al diffusion since it has a
larger diffusion rate than oxygen [201]. In this stage,
its thickness increases with exposure time at a quite
low growth rate. As shown in Fig. 38 [202], for a short
exposure period, the TGO is mainly alumina as well as
a few mixed oxides consisting of alumina, spinel, nickel
oxide (ASN) and chromia, spinel, and nickel oxide
(CSN) [203,204]. The thickness of the TGO gradually
increases. The TGO layer is still protective since the
dense alumina can suppress oxygen diffusion. However,
the process of TGO growth consuming Al will lead to
the formation of an Al-depleted zone underneath the
former oxide layer. Once the Al-depleted zone appears,
the oxidation rate of the BC will sharply accelerate.
This can be attributed to the outward diffusion of the
more reactive Cr, Co, and Ni elements in the bond coat
and its oxidation forming the mixed oxide. Meanwhile,
the Al depletion and the increase in the content of Cr
with oxidation time occurring in TGO suggest that the
alumina layer gradually dissolves into the mixed
oxides [36,205], and the BC surface roughness has an
obvious influence on Al depletion; the alumina scales
with occasionally mixed oxides form on the peak of
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the bond coat, while the scale contains mixed oxides in
the valley [206]. Therefore, the TGO becomes porous,
and its morphology varies with the roughness. In Ref.
[203], when the oxidation time is less than 1000 h, the
dark layer dominantly comprising α-Al2O3 and the
grey layer consisting of (Ni, Co)(Cr,Al)2O4 spinel and
α-Cr2O3 can be clearly distinguished. After 1000 h, the
dark layer is almost completely replaced by the porous
grey layer. However, in Ref. [202], the dark layer and
grey layer still have evident interfaces, although they
have experienced twenty-five 100 h cycles (Fig. 38).
Moreover, the amount of detrimental mixed oxides can
be decreased by vacuum heat treatment and low-pressure
heat treatment, developing a TGO comprised of a
predominantly alumina layer.
Since the TGO layer is located in a multilayer system,
TGO growth is constrained by the adjacent layer. Its
growth will bring about a high-stress state in TBCs.
The TGO growth mainly affects the stress state from
two aspects: On the one hand, the volume expansion
during TGO formation leads to a large compressive
stress. On the other hand, the CTE of TGO is smaller
than those of TC and bond coat. Upon cooling, the
thermal mismatch changes the thermal stress state. The
tensile stress always results in Mode I fracture, whereas
the shear stress often causes Mode II fracture. Therefore,
the two kinds of stress have been discussed in many
works. Bäker and Seiler [134] studied the influence of
TGO thickness on the stress evolution in TBCs. The
results indicated that normal stress in the second

direction is governed by the thermal mismatch between
the TC and bond coat without TGO or with a thin TGO.
The TC peak undergoes tensile stress, and its valley is
under a compressive stress state. However, a significant
stress shift occurs with the thickening of TGO, that
is, the transformation from initial tensile stress to
compressive stress in the peak and the compressive
stress to tensile stress in the valley region. There are
two factors leading to the stress shift. First, the TGO
growth strains accumulate with the increased TGO
thickness in the condition where the TC/TGO interface
is rough. These strains obviously cause the stress shift.
Second, the thermal mismatch exacerbates the stress
shift. Since the TGO has a smaller CTE, it contracts
less than the ceramic layer, which enlarges the
compressive stress in the peak and the tensile stress in
the valley during the cooling phase. In the study by
Wei et al. [133], the role of TGO growth strain in the
TBC failure was discussed in detail. TGO growth
includes two parts, namely, thickening and lengthening
growth. The distribution of the stress in the TC layer is
explored without TGO growth. Figure 39 demonstrates
the distributions of the residual stress under different
conditions. The results show that the peak is under
tension and that the valley region endures compression
after cooling. The shear stress appears near the peak
region, and its distribution has no obvious change
during the whole cycle. Neither the normal stress nor
shear stress increases continuously with the thermal
cycles. If only TGO thickening strain is considered, the

Fig. 38 TGO layer under different cycles: (a) one 100 h cycle, (b) five 100 h cycles, (c) ten 100 h cycles, and (d) twenty-five
100 h cycles. Reproduced with permission from Ref. [202], © ASM International 2008.
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Fig. 39 Distributions of the residual normal (left) and shear (right) stresses in the TC under different TGO growth conditions:
(a) only with TGO thickening growth and (b) with TGO thickening and lateral growth. Reproduced with permission from Ref.
[133], © ASM International 2019.

distribution of normal and shear stress at the end of the
heating stage is similar to that without TGO growth.
After the dwelling stage, the tensile stress increases in
the middle region between the peak and the valley.
Upon cooling, the stress states do not change. When
both TGO thickening and lateral growth are included
in the model, the tensile stress still maintains the
previous trend, but the distribution range of the high
tensile stress is expanded. Such distribution of tensile
stress may easily induce the incipient formation of TC
cracks. Gupta et al. [207] also researched the residual
stress near the TC/BC interface based on a real
interface topography. The stress shift theory has been
verified again in both 2D and 3D simulations. The
TGO morphology follows the original rough TC/BC
interface due to TGO forming between TC and BC. In
Ref. [199], the effect of TGO roughness on the TBC
stress state was studied. It has been found that the
normalized stresses at the interfaces decrease with the
ratio of the local radius (R) to TGO thickness (δ), which
is consistent with the situation of a planar TGO layer.
The TGO hoop stress has the opposite trend. It gradually
increases with increasing R/δ. Eriksson et al. [205]
emphatically studied the influence of chromia-spinel–

NiO (CSN) clusters on the TBC failure by finite
element modeling. The formation of CSN clusters has
three stages, and the last stage is divided into two
conditions. It has been found that when the metallic
core transforms into NiO without volumetric expansion,
the tensile stress cluster occurring in the NiO results in
the cracking of CSN. This phenomenon occurs in the
last stage of CSN cluster formation and is attributed to
the large thermal mismatch between NiO and other
oxides. Furthermore, the volume expansion with NiO
formation has no significant effect on the cracking of
CSN clusters as cracking occurs in such a condition
where volumetric expansion is prone to appear at
elevated temperatures instead of in the cooling phase.
When TGO growth stress plays the main role in the
coating failure, the following possible microcrack
patterns can be observed, as shown in Fig. 40: interface
delamination and cracking in TC and TGO [36]. As for
the TGO/BC and TGO/TC interfacial delamination,
they occur at the BC peak and TGO valley, respectively,
where they endure tensile stress. Since the APS TBC
has a lamellar structure, the discontinuities between
poorly-bonded lamellae can be considered inherent
cracks. The tension region above the interface valley is
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expanded due to TGO thickening. The pre-existing
cracks start to extend during thermal exposure [208].
Naumenko et al. [206] found that the crack initiated in
the peak region of the TGO/BC interface, and then
propagated along with the interface profile. That is
because the peak of the TGO/BC interface is under
tension. The interfacial tensile stress is released. At the
same time, the interfacial in-plane shear stress enlarges
as the crack propagates toward the valley of the
interface. When the shear stress reaches its critical
value, TGO fracture appears, and the crack penetrates
into the TGO layer. The crack propagation path in the
TGO layer is roughly in the parallel direction since
TGO has a columnar grain structure [199]. Therefore,
cracking in the TC layer appears in the parallel direction.
Ranjbar-far et al. [136] also investigated how the
propagation of pre-existing cracks was situated at the
interface and within the TC layer under different TGO
asperities and thicknesses. Three failure mechanisms
are examined by developing a thermo-mechanical
model in which the TC layer has a lamellar structure. It
has been found that the cracking scenarios are affected
by the interface morphology and TGO thickness. When
the TGO thickness is 3 μm, the cracks first form along
the lamellas and stop at the TC/TGO interface. Then,
cracks subsequently occur at the peak of the TGO/BC
interface (Mechanism I). Meanwhile, the former cracks
proceed to extend along the TC/TGO interface due to
the larger tensile stress (Mechanism II), and the
cracking is almost changed when TGO is 5 μm.
However, when the TGO thickness reaches approximately
7 μm, horizontal cracks develop at quite a large distance
from the peaks and propagate up to TC delamination.
The influence of interface morphology on crack
propagation indicates that the nonuniform morphology
promotes the extension of cracks compared with the

uniform morphology. In Ref. [133], a crack lying above
the valley of the TC/TGO interface is set to investigate
the fracture mechanism of TBCs. The variation in an
equivalent Mode I energy release rate (Geq) with the
normalized crack length (a) indicates that the crack
driving force continuously increases with increasing
crack length. At the beginning of crack propagation, it
is located in the tension-dominant region so that its
growth is controlled by Mode I. Then Mode II becomes
more obvious due to the enlarging shear stress. In brief,
the ceramic cracking induced by TGO growth greatly
contributes to the failure of TBCs.

3.2.3 Delamination by TGO growth
The delamination of TBCs caused by TGO depends on
the growth mode of TGO. TGO is divided into
α-Al2O3-based TGO and other oxides (such as spinel,
chromia, and nickel, collectively named mixed oxides),
depending on the growth characteristics [209,210]. The
characteristics of the delamination and durability of
TBCs related to TGO growth were profiled separately
in terms of the α-Al2O3-based TGO and the mixed
oxides.
In the term of α-Al2O3-based TGO, the delamination
location of APS TBCs transfers from the inside of the
YSZ coating to the interface of the YSZ coating/bond
coat, depending on the α-Al 2 O 3 thickness and
independent of the cycling-test method, as shown in
Fig. 41. The TGO generated at the interface of the
YSZ/bond coat has characteristics of wedge-type growth,
low CTE, and high in-plane interior stress, which
deteriorates the adhesive strength of the interface in
TBCs [211–213]. However, the adhesive strength at
the interface is higher than the cohesive strength in the
YSZ when TGO is in the initial growth phase [214,215].
Thus, delamination cracks propagate in the YSZ

Fig. 40 SEM examination of cracks in the APS TBC specimen aged at 1050 ℃ for (a) 200 h, (b) 900 h, and (c) 1970 h.
Reproduced with permission from Ref. [36], © ASM International 2020.
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Fig. 41 Cross-sectional microstructures of APS TBCs with different initial α-Al2O3-based TGO thicknesses after failure:
(a) 1.3 μm and (b) 6.5 μm TGO under burner cycling, (d) 1.3 μm and (e) 6.5 μm TGO under furnace cycling, and (c, f) coverage
ratios of the YSZ coating on the fracture surface.

neighboring the interface. The TGO growth is
accompanied by the deterioration of the adhesive
strength of the interface. Subsequently, some separations
initiate at the interface once the TGO thickness reaches
a threshold value [41]. These separations propagate
and coalesce, forming an interface delamination crack
during service. Ultimately, the whole YSZ coating
spalls [41,216]. Moreover, the out-plane stress at the
interface gradually turns from compression to tension
as TGO grows [217,218], which is also a primary factor
that dominates the delamination path transition. This
stress nature turning is dominated by the relationship
between the TGO thickness and the surface roughness
of the bond coat, which turns while the TGO thickness
grows up to half of the surface roughness of the bond
coat.
The coverage ratio of the YSZ on the fracture
surface reflects the delamination-crack propagation
path. The coverage ratio sketched in Figs. 41(c)–41(f)
indicates that the coverage ratio of YSZ on the fracture
surface has an identical changing rule in both cycling
test methods: It maintains a high level at the initial
growth phase and sharply decreases when the TGO
thickness exceeds 5 μm.
A completely identical crack-propagation behavior
derived from the indentation test was also achieved
[214]. Compared with the APS TBCs, the EB-PVD
TBCs have a completely different microstructure and

interface profile. However, there is a similar
crack-propagation behavior in EB-PVD and APS TBCs
[219]. Thus, the crack-propagation path transition of
TBCs depending on the TGO thickness is an inherent
characteristic of TBCs, regardless of the test method
and the deposition method.
With the increase in TGO thickness, the lifetime
tendency of TBCs is comparable, whether the burner
thermal cycling test or furnace cycling test is employed,
as shown in Fig. 42. The regression result of the
experimental data is used due to the various durability
data caused by the test method. The durability depending

Fig. 42 Relative durabilities of APS TBCs plotted as a
function of the TGO thicknesses under the burner cycling
test and the furnace cycling test. Reproduced with
permission from Ref. [41], © ASM International 2017;
Ref. [215], © The American Ceramic Society 2014.
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on the TGO thickness is defined by power functions
with different exponent values, and deflection points
appear in the curves, corresponding to a sharp decrease
of durability. The deflection points in the curves
correspond to the critical TGO thickness at which the
delamination-path transition, i.e., the delamination path
dominates the tendency of APS TBC durability. It is an
inherent characteristic of APS TBCs, which is
independent of the durability-test method.
In summary, both types of TBCs, including EB-PVD
and APS TBCs, are comparable, as far as the critical
α-Al2O3-based TGO thickness corresponds to the
spallation-path transition. The columnar microstructure
of the YSZ coating has a positive role in the durability
of TBCs [220], while it is independent of the critical
TGO thickness. The critical thickness is essentially in
the range of 5–6 μm, which is independent of the
deposition method.
In addition, the mixed oxides are generated when Al
in the bond coat is depleted. These types of oxides
have a characteristic of high-rate local growth
[221–223]. The local protruding TGO, in some cases,
is considered the “jack” inserted in TBCs. The numerous
“jacks” with high-rate growth delaminate the YSZ
coating quickly, and TBC failure occurs, as shown in
Fig. 43 [224]. The decrease in TBC durability depends
on the magnitude of mixed oxides generated at the
interface of the YSZ coating/bond coat. The magnitude
of mixed oxides is generally described by the coverage
ratio. The decrease level of durability of TBCs could
be evaluated semi-quantitatively via the growth-strain
velocity and the coverage ratio of the mixed oxides
[209,222,223]. The durability of TBCs decreases
linearly with the product of the growth-strain velocity
and the coverage ratio [223]. The delamination path
depends on the volume of the mixed oxides and

Fig. 43 Delamination cracks in TBCs depended on the
mixed oxides. Reproduced with permission from Ref.
[224], © Elsevier Ltd and Techna Group S.r.l. 2017.

the α-Al2O3-based TGO thickness in the fracture time
[223,224]. In general, the densification of the bond
coat is an available method to postpone the generation
of mixed oxides.
Based on the discussion of TGO-induced cracking and
delamination, it can be concluded that localized and
overall TGO thickening is the dominant mechanism,
leading to spalling failure of the ceramic top coat. To
increase the lifetime of TBCs from the point view of
TGO induced stress, reducing the TGO growth rate
needs to be further investigated in the future.

3.2.4 Diffusion barrier (DB) for bond coat
To prevent cracking between the bond coat and substrate
due to interface degradation and direct substrate
degradation by interface reaction resultant, DB is
necessary for both long lifetime TBCs and metallic
protective coatings, including aluminide (simple [225]
or modified [226,227]) and MCrAlY overlay coatings
[228,229]. They can serve as standalone or bond coats
in TBCs. Due to the chemical gradient, the occurrence
of element inter-diffusion between the coating and
superalloy substrate during service is inevitable. This
inter-diffusion would affect the coating and substrate
alloy in three aspects: (1) Inward diffusion promotes
meaningless Al loss from the coating; (2) outward
diffusion facilitates refractory elements (W, Mo, Ta,
etc.) to participate in oxidation at the coating surface,
destroying the integrity of the alumina scale; (3) interdiffusion deteriorates the mechanical properties (such
as fatigue creep resistance and rupture life) of a single
crystal (SX) superalloy by forming acicular precipitates
of topologically-close-packed (TCP) phase, which
usually accompanies the appearance of the secondary
reaction zone (SRZ).
The destructive effect of the exotic coating on the
mechanical properties of the single crystal superalloy
showed a clear dependence on the SX superalloy itself:
Higher generation of SX results in a greater reduction
in rupture life. The fourth-generation single crystal
superalloy TMS-138 decreased the creep-rupture life
by 86%, in contrast to 63% and 77% for secondgeneration CMSX and third-generation TMS-75,
respectively [230]. Figure 44 displays the rupture life
impact of inter-diffusion by the PtAl coating on the
various generations of superalloys. Therefore, it is of
great importance to inhibit or suppress the undesirable
inter-diffusion between the bond coat and SX
substrate.
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Fig. 44 Creep-rupture life reduction for different SXs
covered with PtAl coating.

To achieve the objective of controlling/restraining
this inter-diffusion, two aspects can be coordinated,
according to Fick’s law given in Eq. (9):

J Al   DAl 

Al
X

(9)

where J Al denotes the diffusion flux of Al, DAl
represents the Al diffusivity within the system, and

Al
is the concentration gradient between the
X
coating and substrate. That is, both reducing DAl and
Al
help to
decreasing the concentration gradient
X
acquire a low JAl. Practically, we can use customized

coatings that hold low chemical potential concentrations,
including equilibrium (EQ) [231,232] and nanocrystalline
coatings [233,234]. Relying on the principle of phase
EQ, the inter-diffusion between γ′ coating and γ′/γ
dominant single crystal superalloy could be as low as
minimal. Similarly, the specific nanocrystalline coating
basically resembles the composition of SX alloy, where
the inter-diffusion lacks the driving force to trigger.
The other rational solution is to reduce DAl. The
diffusion rate of this element is always high due to its
relatively low melting point. Generally, DAl values in
nickel-based β and γ′/γ phases are extraordinarily high,
which exhibits a serious diffusion extent at high
temperature. Accordingly, incorporating a DB between
the bond coat and substrate, which has a satisfactorily
Table 4

low DAl for Al passing through, is reasonable. The DB
could be metallic [235,236], ceramic [237,238], or
reactive layers [239,240].
A good DB should have the following four
characteristics: (1) low diffusion rate, which requires
the diffusion coefficients of elements passing through
the DB to be necessarily low; (2) good structural
stability, which means that the microstructure and
phase constitution of the DB are sufficiently stable for
long-term high-temperature exposure; (3) good bonding
strength, requiring that the DB combines well with
both the coating and the substrate; and (4) reasonable
costs, in which the cost of DB must be accessible and
reasonably controlled so that it can be more widely
investigated and utilized in practice. Among these
traits, a low diffusion rate, good bonding strength, and
structural stability are vital for designing an ideal DB.
In the following section, various reported DBs will be
introduced as case studies, where particular perspectives
will be focused on the three characteristics.
The first option to inhibit elemental inter-diffusion
is to prepare a direct ceramic layer such as Al2O3 [237]
because ceramic DB has the intrinsic nature of high
stability and low diffusivity for Al. In fact, the inhibiting
effect of such ceramic DB is so powerful that almost
no diffusion of elements could be allowed for passing
through. In addition to stable oxides, nitrides are
promising candidates to serve as the strong DBs. Table
4 lists a batch of ceramic DBs reported in the open
literature. As indicated in Table 4, the oxide species
have excellent structural stability and extremely low
diffusivity. However, the weak bonding for the
metal/ceramic interface endangers the integrity of the
coating system, which is highly possible for peeling off
the entire coating system. Different from oxides, metal
nitrides are not comparable in stability, where during
thermal exposure, nitrides may decompose to other
nitrides or even oxides, accompanied by chemical
reactions. Due to this phase transformation, the bonding
for nitride DB increases notably. Regardless of how
excellent ceramic DBs succeed in inhibiting interdiffusion, the weak adhesion confines the application
of direct ceramic DBs, especially when the components
are engaged in thermal fatigue service mode.

Some ceramic DBs reported in the literature

Species

Category

Trait

Oxide

Al2O3 [237] and Cr2O3 [241,242]

High structural stability, low diffusion rate, and low bonding and strength

Nitride

TiN, CrN [238,243], and AlN [244,245]

Fair stability (transformable to other phases), low diffusion rate, and fair bonding
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Unlike direct ceramic DB, active DB utilizes an oxide
precursor to react with Al from the bond coat and
substrate, forming an Al2O3/metal/Al2O3 sandwich
structure. As this process implements an in-situ redox
reaction from the oxide precursor to more stable
alumina, the sandwich active DB connects well to both
the bond coat and substrate. According to the Ellingham
diagram, any metal oxide with the higher free energy
of formation can be deoxidized by Al because Al2O3
holds the lowest partial oxygen pressure of formation.
Figure 45 illustrates the active DB transformation from
the oxide precursor to Al2O3/metal/Al2O3 sandwich.
In practice, the prevailing TBC ceramic layer of
YSZ may serve well as the active DB precursor. The
thermodynamics indicate that the energy required for
Reaction (10) is negative, which ensures Reaction (10)
goes forward:
3ZrO 2  4Al  2Al2 O3  3Zr

(10)

As a result, the Al2O3/Zr/Al2O3 sandwich is produced.
Figure 46 demonstrates the sandwich structure
formation after oxidation at 1000 ℃ for 1000 h in a
NiCrAlY/YSZ/N5 coating system. As indicated, both

Al2O3 layers in the sandwich are continuous and
homogeneous.
The metal oxide of NiCrO can be another option for
serving as the active DB precursor [240]. The bonding
strengths of NiAl/NiCrO diffusion barrier on N5 SX
superalloy for the three samples after vacuum annealing
are listed in Table 5. By tailing-control of oxygen
concentration and layer thickness, the bonding strength
of in-situ formed Al2O3/NiCr/Al2O3 can be high enough
(average 34 MPa shown in Table 5) for industrial
application, which is comparable to YSZ coating
deposited by APS. This feature of good adhesion comes
from two aspects: (1) In-situ reaction ensures chemical
bonding at the interfaces; (2) the thickness of NiCrO
precursor is optimally adaptable. In fact, the design of
the active DB precursor thickness should be carefully
considered. The too-thin layer of precursor cannot
afford sufficient O locally to form a consecutive Al2O3
dual-layer structure, while the too thick layer deteriorates
the bonding because it is necessary to control the
continuous Al2O3 bi-layers to be as thin as possible.
The reported study of active DB confirms its excellent
ability to inhibit interdiffusion while holding good

Fig. 45 Schematic showing the formation of active DB with sandwich structure.

Fig. 46 Microstructure change in the NiCrAlY/YSZ coating system on N5 SX before and after 1000 h oxidation test at
1000 ℃ (YSZ is deposited by EB-PVD): (a) before oxidation and (b) after oxidation. Reproduced with permission from Ref
[239], © Elsevier Ltd. 2015.
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Table 5 Bonding strength of NiAl/NiCrO coating on
N5 superalloy (the samples experienced post vacuum
annealing)
Sample No.

σb (MPa)

1#

36

2#

41

3#

25

bonding strength. Compared with a direct ceramic DB,
an active DB is highly promising for designing an
overlay bond coat on single crystal superalloy components.
As good bonding requires a certain extent of element
diffusion, it fundamentally conflicts with the barrier
effect of inhibiting element inter-diffusion. That is, it is
not possible to achieve an ideal DB with excellent
bonding strength and inhibition capability at the same
time. Further increasing the bonding strength of DB
has to sacrifice its inhibition property, which is properly
realizable by incorporating refractory metal as the DB.
In this field, much research attention has been given to
rhenium (Re) which has a melting point as high as
3186 ℃ . It could combine other refractory metals,
including Cr, Mo, W, and so on, to form the σ-Re phase,
which is thermally stable at the currently applicable
service temperature. As shown in Fig. 47, the Re-based
DB is not fully continuous, and the remaining channels
for elements pass through, which resembles a dam with
a water channel preserved. By sacrificing partial

inhibiting property through those channels, the bonding
strength could be maximized to a metallurgic bonding.
In this case, the element inter-diffusion between the
bond coat and SX substrate is effectively alleviated
instead of completely inhibited. Figure 47 shows that
the Re-based DB layer maintains excellent stability
during long-term thermal exposure. In addition, the
thickness of SRZ formation and density of acicular
TCP precipitates have been effectively reduced by
~50% of normal coating [246].
Practically, designing a DB for SX components such
as blades should consider key properties in the following
sequence: bonding strength > structural stability >
inhibiting capability > economical efficiency. That is
why there is no report for direct ceramic DB in the
service of industrial application, while bonding of
active DB is still a worrisome concern for engineers.
Subtle projection of the active DB (e.g., refining the
optimal processing parameters) and increasing the
operation window could pave the way for future
application. By sacrificing partial inhibition capability
and acquiring enhanced bonding strength, metal DBs
are more prominent for practical utilization.
In short, DB can protect TBCs from early spalling
or substrate degradation. If DB is well prepared
between the bond coat and substrate, the lifetime of
TBCs cannot be reduced by the unexpected reaction at
the interface between the bond coat and substrate.

Fig. 47 Microstructure evolution of the Re-based DB during the isothermal oxidation test at 1100 ℃ for (a) 0 h, (b) 20 h, (c)
100 h, (d) 200 h, (e) 500 h, and (f) 1000 h. Reproduced with permission from Ref. [246], © Elsevier Ltd. 2020.
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Ceramic degradation by corrosion

3.3.1 Corrosion of lamellar top coat
The ceramic top coat in TBCs can be severely degraded
by corrosion if molten deposits are introduced with the
inlet air, although ceramic materials are usually resistant
to corrosion. Such molten-deposit-induced corrosion
has already been an important issue [19,247,248].
Degradation by molten salt deposits (especially alkaline
sulfate-vanadate mixtures) was of early interest. They
can infiltrate into TBCs and cause phase transformation
of the coatings. In addition, the solidification of molten
salts during cooling can result in the loss of the strain
tolerance of coatings. For TBCs that will be used in
advanced gas turbine engines, however, it is anticipated
that corrosion by molten salts will eventually disappear
because the TBC surface temperatures will surpass
1500 ℃, which is higher than the dew point of alkaline
sulfate–vanadate [247]. In contrast, the degradation of
TBCs caused by molten silicate deposits will still
occur even at higher temperatures [247]. Since these
silicate deposits are mainly composed of CaO, MgO,
Al2O3, and SiO2, they are usually referred to as CMASs.
Most CMAS debris originates from the inlet air
[249], and a small concentration of debris in the air
may introduce much debris into engines. For example,
a turbo fan that forces 300 m3 air per second into the
engine can suck ~110 kg·s−1 dry air at an 11 km
altitude cruising level [249]. The 2010 European
Commission’s “safe to fly” ash limit is 4 mg·m−3 [249];
at this concentration, 4.3 kg of debris will be ingested
into an engine in only 10 min. This is only a simplified
estimation. In fact, not all debris entering engines have
a chance to be in contact with TBCs, because the
state-of-the-art particle filters equipped in gas turbine
engines can remove most of the large particles (larger
than 80 μm) from the inlet air [250]. However, since
large air flow is required by engines, debris cannot
economically be entirely eliminated even with the best
filtration system [251]. Therefore, small particles can
still pass through the particle filters and come into
contact with TBCs. After passing through particle
filters, CMAS debris will go into combustion chambers,
where the flame temperature may be as high as 1650 ℃
[252], which may cause the debris to melt and deposit
on the TBC surfaces. Finally, the TBCs will be
degraded by CMAS.
CMAS-induced degradation involves a series of
processes, from the ingestion of CMAS debris into gas

turbine engines to the spallation of TBCs. With the
increasing research interest in this field in recent years,
many processes have been understood more clearly.
Some important aspects of the lamellar top coat will be
reviewed briefly below.
First, a few points about the source of CMAS debris
are worth noting here. CMAS may come from mineral
sources such as sand and volcanic ash. Sometimes
CMAS originates from industrial sources such as fly
ash, cement, and runway dust. In addition, engine
components may be worn off, and the component
debris may deposit on TBC surfaces. Therefore, it is
important to bear in mind that CMAS compositions
and properties vary over a wide range, which may
cause the different degradation behavior of TBCs.
Figure 48 is an optical image showing the appearance
of CMAS deposits on an ex-service blade. CMAS
deposits do not form a continuous layer covering the
TBC. In such a situation, the spreading behavior of the
CMAS deposits will influence the extent of CMAS
degradation (lateral range and depth of CMAS attack).
Yang et al. [253] studied the effect of TBC structure on
CMAS spreading and infiltration behavior by using
small CMAS beads instead of evenly covering CMAS
on TBCs. They found that at each test temperature, the
spreading process can be divided into three stages. In
Stage I, the spreading areas on APS and EB-PVD
TBCs are similar because the driving force for spreading
and CMAS viscosity is relatively high during this stage.
In Stage II, spreading on APS TBCs is fast relative to
that on EB-PVD TBCs. Three reasons were proposed
to account for this spreading difference. First, the
infiltration speed in EB-PVD TBCs is higher, which
lowers the spreading speed. Second, the surface
roughness of APS TBCs is higher, so the wettability of
CMAS on APS TBCs is better. Third, the trapped air
between CMAS and APS TBCs (due to the rough

Fig. 48 Optical image showing the appearance of CMAS
deposits on an ex-service blade.
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surfaces) may also increase the spreading speed. In
stage III, the spreading speed for APS TBCs is lower
than that for EB-PVD TBCs. However, the spreading
area on both TBCs becomes similar again. On the one
hand, the high porosity of APS TBCs is beneficial for
CMAS infiltration, so the spreading speed on APS
TBCs is lowered. On the other hand, the higher
connectivity of micro-pores in EB-PVD TBCs increases
the subsurface lateral flow of CMAS, which can
accelerate the surface spreading speed.
Molten CMAS can readily infiltrate into the open
pores of an APS TBC. During the cooling process,
CMAS solidifies, which increases the in-plane modulus
of coating. The increase in CMAS infiltration depth
increases the elastic energy release rate for the CMASinfiltrated coating, making the coating more susceptible
to delamination. Therefore, infiltration depth is a critical
factor that influences the CMAS-induced failure of
APS TBCs. Kang et al. [254] studied the effect of
microstructural defects of APS TBCs on CMAS
infiltration. They fabricated APS TBCs with different
amounts of defects (samples A1, S1, S2, and S3) by
tuning the velocity and temperature of the in-flight
particles, as shown in Fig. 49. The spraying parameters
for these four samples can be found in Ref. [254]. The
subsequent CMAS attack test showed that CMAS
infiltration depth could be effectively reduced in

defect-depleted APS TBCs. Liu et al. [255] also studied
the effect of microstructure on CMAS infiltration. The
results indicated that increasing splat bonding in APS
TBCs can lower the CMAS infiltration speed.
In APS TBCs, open pores offer fast paths for CMAS
infiltration. Therefore, it is significant to understand
how the pore characteristics influence the CMAS
infiltration behavior. To fulfill this goal, Shan et al.
[256] modified the pore characteristics of regular APS
TBCs via the alumina sol impregnation technique.
After one sol impregnation, ~18 vol% of the equiaxed
pores are occupied by alumina, and ~36 vol% of the
crack network pores are occupied. Cross-sectional
observation of the pore-tailored APS TBC revealed
that the pore-modifier Al2O3 could reduce the pore
width, increase pore tortuosity, or even directly block
them by forming horizontal connecting arrays, as
shown in Fig. 50. CMAS attack test showed that the
pore-modifier alumina could lower the CMAS infiltration
speed. In addition, it was also found that although
CMAS corrosion can cause alumina to disappear,
crystalline anorthite will be formed in the pores and
mitigate further infiltration.
Porosity decrease caused by CMAS degrades the
strain tolerance of APS TBCs. One main factor causing
porosity decrease is the pore filling by CMAS. There is
evidence showing that after CMAS infiltration, not all

Fig. 49 Cross-sectional SEM images of plasma-sprayed TBCs with different amounts of defects for as-sprayed coatings:
(a) A1, (b) S1, (c) S2, and (d) S3. Reproduced with permission from Ref. [254], © Elsevier B.V. 2016.
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Fig. 50 Cross-sectional SEM images showing alumina
distribution in a regular APS TBC whose pore
characteristics are tailored via alumina sol impregnation
technique: (a) Alumina reduces pore width and forms
horizontal connecting arrays and (b) alumina increases
pore tortuosity.

the pores are filled by CMAS [257]. Therefore, it is of
practical importance to understand what kind of pores
in APS TBCs can resist CMAS filling. Shan et al. [257]
fabricated YSZ pellets with different sizes of globular
pores using poly methyl methacrylate as pore-forming
agents to understand the size of globular pores on
CMAS filling behavior. CMAS attack test revealed
that only small pores were easily filled by CMAS,
whereas large pores could hardly be filled. Additionally,
it was also confirmed that even open pores could resist
CMAS filling. The proposed explanation is as follows.
If a pore is large enough, its surface can hardly be
wetted completely. In such a situation, molten CMAS
cannot form a continuous meniscus, so the pore cannot
be filled. This research implies that fabricating relatively
large pores in APS TBCs may lower the extent of pore
filling by CMAS.
Following this study wherein YSZ pellets instead of
real TBCs were used, Shan et al. [258] studied the pore
evolution and CMAS filling behavior in real APS
TBCs. They found that although CMAS caused the
total porosity of the APS TBC to decrease, the porosity
of the top region increased, presumably because of the
significant microstructure change in this region. In the
region where microstructure was changed slightly by
CMAS, almost all crack network pores disappeared,
but 48 vol% of equiaxed pores existed. Further analysis
indicated that larger equiaxed pores were more likely
to remain. This study indicates that introducing large
equiaxed pores into APS TBCs may be a potential way
to lower the extent of porosity decrease.
CMAS also degrades lamellar top coat chemically.
YSZ can be dissolved by CMAS, which causes

reprecipitation of Y-lean t-ZrO2 [259]. Upon cooling,
such t-ZrO2 will transform to m-ZrO2, accompanied by
a volume expansion (4–5 vol%) [260]. Witz et al. [261]
investigated the corrosion behavior of plasma-sprayed
YSZ TBCs by CMAS in natural environments. In their
research, CMAS-attacked TBCs from an ex-service
combustor were analyzed. It was demonstrated that
Ca2+ cations from molten CMAS can diffuse into YSZ,
causing (1) the stability of the c-YSZ phase to increase,
(2) the volume of YSZ to expand, and (3) the residual
stress distribution in the top coat to change. Many
researchers have observed that CMAS prefers to attack
YSZ grain boundaries [262,263]. Although it seems
that the basic CMAS corrosion mechanisms in YSZ
coatings are always similar, some factors influence the
corrosion behavior. Recently, Morelli et al. [262]
studied the effect of chemical purity and microstructure
of plasma-sprayed YSZ top coat on CMAS corrosion
behavior. An isothermal CMAS attack test was conducted
on four kinds of lamellar YSZ top coats: APS coatings
deposited with standard- and high-purity feedstock
powders, a DVC coating, and a suspension plasma
sprayed (SPS) one. Comparison between APS TBCs
with similar structures but with different chemical
purity levels revealed that degradation in the TBCs
with higher purity was less pronounced. It was found
that high purity can limit the extent of grain boundary
dissolution. In addition, the results revealed that higher
porosity and smaller grains tend to cause more severe
degradation. For example, there are usually three kinds
of grains in a regular APS TBC: (1) coarse equiaxed
(originating from unmolten spray powders), (2) fine
equiaxed (originating from molten spray particles that
solidify before deposition), and (3) fine columnar
(typical APS TBC structure). It was observed that
CMAS attacks in fine-grained regions are more severe.
It is well known that the TBC sintering during
service reduces the porosity, which results in the
degradation of the thermal insulation performance of
the coating. CMAS can aggravate sintering and hence
the thermal insulation degradation. Boissonnet et al.
[264] studied the influence of infiltration of a small
amount of CMAS (0.25–3 mg·cm−2) on the sintering
behavior and the thermal insulation property of APS
TBCs. It was found that the depth of the sintering
increases with the CMAS amount, as illustrated by
Fig. 51. The thin lamellar pores seem to be sintered to a
depth of ~250 μm (full thickness) for 1 h heat treatment
at 1250 ℃ when the CMAS load is 3 mg·cm−2. In
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Fig. 51 Cross-sectional SEM images showing the microstructures of YSZ APS TBCs heat-treated at 1250 ℃ for 1 h with
CMAS of (a) 0.25, (b) 0.50, (c) 1.0, and (d) 3.0 mg·cm−2. Reproduced with permission from Ref. [264], © Elsevier Ltd. 2019.

addition, the CMAS-induced sintering was accompanied
by local phase transformations. These two are the main
factors responsible for the increase in the thermal
diffusivity of the coatings. For the fully infiltrated
coating, the increase in the thermal diffusivity can
reach a maximum of ~110%.
Perhaps the primary role of CMAS is that it can
stiffen the ceramic top coat and cause delamination and

spallation, as shown in Fig. 52. Mercer et al. [265]
proposed a CMAS-induced delamination mechanism.
When rapid engine shutdown occurs (cold shock
conditions), the TBC surface experiences a high cooling
rate. This results in the tensile stresses in the TBC
surface, which induce vertical separations (Mode I) in
the coating. Under slow cooling conditions, molten
CMAS in an APS TBC will gradually solidify, causing

Fig. 52 (a) Macroscopic optical image and (b) cross-sectional SEM image of an APS TBC cycled to failure in thermal gradient
conditions (~1250 ℃ at the TBC surface and ~1080 ℃ at the bond coat) on a burner rig with simultaneous CMAS injection.
Reproduced with permission from Ref. [266], © Elsevier B.V. 2017.
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the in-plane modulus to increase. Due to the CTE
mismatch between the CMAS-attacked top coat and
the metallic substrate, the strain energy accumulates in
the top coat, which offers a driving force for
delamination. Usually, such delamination emanates
from vertical separations, which may be formed during
processing, sintering during service, or cold shock. For
APS TBCs, it is also possible that delamination
emanates from the inherent defects in the coatings and
deflects randomly toward the coating surfaces [266].
One point worth mentioning here is that laboratory
experiments confirmed that CMAS could cause
high-temperature volume expansion of APS TBCs.
When the bonding between the top coat and bond coat
is destroyed by CMAS, high-temperature delamination
along the TC/BC interface can occur [267].
To mitigate CMAS damage, lamellar top coats
composed of novel TBC materials have been proposed.
For example, Drexler et al. [268] prepared APS TBCs
using a rare-earth zirconate material (Gd2Zr2O7) and
investigated their CMAS resistance performance. It
was found that such TBCs can mitigate CMAS
infiltration effectively at high temperatures, due to the
formation of a dense layer composed of a crystalline
apatite phase. In addition, it was reported that
plasma-sprayed La2Ce2O7 (LCO) TBCs also exhibit
excellent CMAS resistance [269]. However, LCO can
react with TGO, which results in poor thermal cycling
performance [270]. Therefore, Yin et al. [271] prepared
double-layer APS LCO/YSZ TBCs. CMAS attack test
on the double-layer TBCs showed that CMAS infiltration
can be mitigated. Because of the reaction between
CMAS and LCO, a dense layer composed of anorthite,
spinel, and La2Si2O7 can be formed, which can restrain
CMAS infiltration.
In short, CMAS corrosion on a lamellar top coat
depends on the infiltration of CMAS into the network
pores within the top coat. By preparing a dense cover
layer or in-situ producing a resultant layer, the infiltration
of CMAS can be depressed. Further strategies to
restrain the CMAS corrosion on the lamellar top coat
are ongoing.

3.3.2 Corrosion of columnar top coat
The columnar top coat also suffers from corrosion due
to the easy infiltration of reactants into the inside top
coat via columnar pores, although columnar top coat
has high thermal stress tolerance and potentially long
thermal cyclic lifetime [272,273]. However, they are

easily attacked by corrosion agents due to their
gap-type structure. A premature failure event of gas
turbine engines caused by hot corrosion in the marine
environment was observed for the first time in the
1960s on the U.S. Navy shipboard [274,275]. Hot
corrosion damage in the hot-section of the turbine
hardware due to the intrusion of salts (sulfates and
chloride salts) from the marine air and/or from sulfur
in the gas turbine combustion fuels was found to be the
major reason behind the failure [276]. Recently, hot
corrosion has been reported to be observed on TBCs in
marine and in non-marine environments. With a further
understanding of the failure mechanism of TBCs, the
types of hot corrosion can be roughly divided into
marine hot corrosion and CMAS hot corrosion according
to the engine application service environment.
The typical characteristics of the marine environment
are high humidity and high salt fog. When the gas
turbine works, the compressor continuously sucks in
air from the outside, and after being compressed, it is
mixed with the fuel for combustion. The generated
high-temperature gas flow continuously pushes the
turbine to do work. Under high-temperature conditions,
Cl−, Na+, and K+ in air can easily react with S, V, Pb,
and other elements in the fuel. The resulting molten
salt mixture is deposited on the surface of turbine
blades and other components in the form of eutectic,
eroding the TBC on the substrate surface and causing
failure.
In the open literature, sulfur is considered to be the
main marine corrosive element. In the process of marine
hot corrosion, complex sulfidation and oxidation are
mainly involved [276]. The research and elaboration of
hot corrosion mechanisms have gone through two
stages: the vulcanization model and salt melting
mechanism model. Early research on the sulfidation
model mainly focused on the reaction between metal
elements (Ni, Cr, Al, etc.) and their oxides and Na2SO4,
and the internal diffusion of S element. It was
considered that the hot corrosion was caused by the
high-temperature oxidation of S element and alkali
metal ions in the fuel [277,278]. This discussion once
occupied a dominant position in this research field for
a long time. O’Dowd and de Leeuw [279] and Pettit
[280] proposed the salt fluxing model: hot corrosion is
a process in which the protective metal oxide film
dissolves acidic or alkaline at the film/molten salt
eutectic interface and then redeposits at the molten
salt/vapor interface. This theory is improved on the
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basis of the sulfurization model. The description of the
hot corrosion phenomenon is more comprehensive and
systematic and is still widely accepted.
However, with a further understanding of the corrosion
mechanism, it is found that the model cannot explain
all the experimental phenomena. In fact, according to
the environmental temperature, hot corrosion is usually
divided into two types: high-temperature and lowtemperature hot corrosion [281]. As shown in Fig. 53,
high-temperature hot corrosion (Type I corrosion in
Fig. 53) generally occurs between 850 and 950 ℃,
which is just between the melting point of the molten
salt deposit and its dew point (the temperature at which
the deposit begins to gasify); low-temperature hot
corrosion (Type II corrosion in Fig. 53) is relative to
high-temperature hot corrosion, which usually occurs
between 650 and 750 ℃. Many comprehensive factors
(such as environmental temperature, corrosion products,
matrix material type, thermodynamic conditions, and
gas velocity) determine the type of hot corrosion
[281,282].
In fact, the YSZ as a typical top ceramic material
has strong corrosion resistance, which is less affected
by NaCl and Na2SO4 in sea salt. However, in the
observation of hot corrosion events, it is found that the
introduction of fuel impurity V will have a strong
corrosion effect on the YSZ ceramic layer [283]. The
hot corrosion behavior and mechanism of columnar
YSZ thermal barrier in V2O5 + Na2SO4 mixed salt at
800–900 ℃ are systematically studied [284]. The

results show that the molten V2O5 infiltrates into the
coating along the columnar crystal gap and reacts with
Y2O3, and the intermediate reactions follow:
Na 2SO 4  Na 2 O  SO3

(11)

Na 2 O (l)  V2 O5 (l)  2NaVO3 (l)

(12)

Comprehensive reaction:
Na 2SO 4 (l)  V2 O5 (l)  2NaVO3 (l)  SO3 (g) (13)
Finally, the hot corrosion reaction of the ceramic
coating is
Y2 O3 (s)  t  ZrO 2 (s)  2NaVO3 
2YVO 4 (s)  m  ZrO 2 (s)  Na 2 O (l)

(14)

The process of the reaction is that the stabilizer Y2O3
is gradually reduced, and the t-ZrO2 formed during the
reaction will undergo phase transformation (t-ZrO2 →
m-ZrO2) during the subsequent cooling process. The
volume change caused by the transformation will lead
to local stress concentration in the coating, which will
lead to the failure of the coating [274]. At the same time,
in a V2O5 + Na2SO4 molten salt environment, XRD
patterns show that the corrosion products on the
coating surface are “round rod” YVO4 and “granular”
m-ZrO2 [275]. This is the source of two kinds of hot
corrosion products. The accumulation of corrosion
products on the surface of the YSZ coating, together
with the gradual consumption of the stabilizer Y2O3,
constitutes an important source of the collapse of the
internal stress concentration area of the coating and the

Fig. 53 Profile of shipboard engine corrosion rates of Type I and Type II hot corrosion vs. temperature in a marine
environment compared to the Arrhenius oxidation rate vs. temperature. Reproduced with permission from Ref. [281], © Elsevier
B.V. 2012; Ref. [282], © China Academic Journal Electronic Publishing House 2015.
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diffusion of molten salt corrosion along the grain
boundary, which eventually destroys the columnar
crystal structure of the coating [285].
In the relevant marine hot corrosion literature, the
YSZ columnar coating was attacked by S, Cl, and
other corrosive elements, the metal layer in the coating
system will be damaged before the ceramic layer, and
coating delamination often occurs due to the formation
of a thick TGO layer between the ceramic layer and
the metal layer [278]. During the corrosion process, the
ceramic layer with a feather columnar structure only
shows sintering acceleration, and no corrosion
phenomenon is observed. However, the top coat of the
gap-type structure has a large number of open pores,
which promotes the erosion of the metal layer by the
corrosive agent.
CMAS adheres to the surface of the ceramic coat
and has a thermochemical reaction, thus leading to
early failure of the TBC [286]. In recent years, CMAS
hot corrosion research reports have confirmed that
CMAS is harmful to YSZ columnar top coats [265].
On the one hand, CMAS molten salt not only dissolves
the YSZ coat but also penetrates into the YSZ layer.
After cooling, CMAS molten salt can compact the
coating and produce large internal stress, resulting in
the delamination and spalling of TBCs [287]. On the
other hand, the CMAS molten will deplete the stabilizer
of Y2O3, resulting in t'-ZrO2 transformation to m-ZrO2.
This phase transformation of zirconia will lead to a
significant change in volume, further leading to damage
to the mechanical properties and stress accumulation of
the coating [288]. The cross-section morphology of
PS-PVD YSZ after CMAS hot corrosion is shown in
Fig. 54 [289]. The YSZ coating prepared by PS-PVD

has a feather-like columnar structure with open pores.
When the coating is corroded by CMAS, it is easily
infiltrated with more molten salt. After cooling, it has a
greater impact on the coating structure. Therefore,
CMAS hot corrosion has a greater impact on PS-PVD
TBC than another coating, and the microstructure of
PS-PVD coating changes significantly after cooling.
In addition, it is considered that the penetration of
CMAS and the corrosion of the YSZ layer are related
to the initial position of the transverse crack and the
spalling position [290]. PS-PVD 7YSZ failure is not
caused by a single reason. In general, the damage of
CMAS to TBCs mainly includes thermochemical and
thermomechanical action, CMAS erosion and corrosion,
and CMAS densification to the YSZ ceramic layer,
which leads to the change in CTE and thermal
conductivity of the coating and finally to delamination,
cracking, and spalling of the coating [291].
The corrosion resistance of columnar top coat is
considered to be improved. To enhance the hot
corrosion resistance of columnar structure coating, new
corrosion-resistant materials have been developed [292].
In recent years, the research on corrosion-resistant top
coating materials has mainly focused on the rare-earth
ion doping of YSZ materials and the development of
new structural materials [293,294]. At present, currently
commonly used doping systems for TBCs mainly
include the following: (1) Single rare-earth ions such
as Gd3+, Yb3+, Ce4+, and Hf4+ are used to improve the
phase stability of TBCs; (2) co-doping modification of
TBCs with multiple ions, such as Sc3+ + Y3+ or Nb5+ +
Ta5+ + Y3+ co-doped TBCs. The thermal physical
properties of top coat materials are obviously improved
by doping rare-earth oxides or transition metal oxides

Fig. 54 Cross-section morphologies of PS-PVD YSZ after CMAS hot corrosion: (a) separation between coating and substrate
and (b) filling of the gap between columns by CMAS. Reproduced with permission from Ref. [289], © China Academic Journal
Electronic Publishing House 2019.
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with good chemical stability and a high melting point
[295]. New structural coating materials, such as rareearth zirconates with pyrochlore structures (La2Zr2O7,
Gd2Zr2O2, etc.) and zirconates with a perovskite
structure (SrZrO3, CaZrO3, etc.) also show good
prospects in the study of improving the adaptability of
molten salt corrosion environments by virtue of their
excellent characteristics such as low thermal conductivity
and high-temperature phase stability [296,297].
Compared with the conventional YSZ material, the new
TBC ceramic coat materials have certain advantages in
one or several aspects, but the comprehensive
performance of thermal cycle life and thermal protection
need to be improved, and the process for preparing
columnar structures of new corrosion-resistant materials
also needs to be researched.
In conclusion, anti-corrosion is an important challenge
for TBCs in aero-engines. In recent years, the feather-like
columnar coating has presented better thermal insulation
performance and higher thermal cycle life, but it is
weaker under hot corrosion attacks. The optimization
of the preparation materials and the structure and

surface treatment of the coating will be a research
hotspot in the future.

3.3.3 Multi-component coupling corrosion
TBCs work in a harsh environment, facing many types
of high-temperature corrosion such as environmental
deposit corrosion, namely, CMAS attack, and molten
salt corrosion. These multi-component reactants cause
coupling corrosion for the ceramic top coat.
Recently, it has been found that in the marine
environment, there is coupling corrosion of CMAS and
molten salt, which imposes much severer damage to
TBCs. High-temperature corrosion has become one of
the key factors which cause premature failure of TBCs.
Hence, many researches have been carried out to
investigate the corrosion behavior of TBCs, aiming to
clarify the corrosion mechanisms and explore corrosion
protection methods. Figure 55 shows a schematic diagram
of corrosion mechanisms resulting from CMAS, molten
salt, and CMAS + molten salt attack on APS TBCs.
Stott et al. [298] first examined the CMAS corrosion
behavior of YSZ TBCs and the related mechanisms.

Fig. 55 Schematic diagram of different corrosion mechanisms for APS TBCs: (a) CMAS, (b) molten salt, and (c) CMAS +
molten salt.
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They deposited natural CMAS from the Middle East
on APS TBCs, and heat-treated them at 1300–1600 ℃
for 120 h. It was found that at high temperatures, the
stabilizer Y2O3 prefers to dissolve into the melt,
causing the coating to deplete Y2O3. As a result, the
coatings suffer from a phase transformation to the m
phase accompanied by excessive volume expansion.
Krämer et al. [259] conducted a systematic investigation
on the corrosion mechanisms of TBCs by CMAS
attack. They found that CMAS rapidly infiltrates the
coating as soon as melting occurs, whereupon YSZ
dissolves in the melt and reprecipitates ZrO2 crystals
with different morphologies and compositions depending
on the local melt chemistry. This dissolution–
reprecipitation model has been accepted by many
researchers as the main mechanism for TBCs attacked
by CMAS in terms of thermo-chemical interactions.
Additionally, CMAS corrosion causes TBC failure
in another aspect, i.e., thermal-mechanical interaction.
The penetrated molten CMAS fills the pores and
microcracks in TBCs, which solidifies upon cooling.
As a result, the coatings would be densified, losing
much strain tolerance and producing large stress.
Evans and Hutchinson [299] and Jackson et al. [300]
proposed theoretical models to estimate the stress field
of CMAS corroded TBCs based on the small
deformation assumption. Cai et al. [301] built a
numerical model considering the CMAS penetration in
TBCs to investigate the effects of CMAS penetration
depth and microstructure shape on the stress distribution
and stress level in the coating. During the thermal
cycling process, increasing stress accumulated, eventually
causing premature TBC spallation. Mercer et al. [265]
carried out thermal shock analysis and determined the
critical infiltration thickness, above which the infiltrated
layer is susceptible to delamination and spallation.
Krämer et al. [302] characterized the delamination
susceptibility of TBCs by CMAS penetration and found
that CMAS penetrates to a depth of approximately
0.5 mm and infiltrates all open areas in coating zones,
where cracks, delamination, and spallation exist. Yang
et al. [303] determined the strain field of TBCs
attacked by CMAS using digital image correlation
techniques and obtained the critical strain values for
the failure of TBCs.
When low-grade fuels are used, TBCs inevitably
suffer from molten salt corrosion. The salts containing
vanadium, sulfur, and phosphorous are extremely
corrosive to TBCs, especially at a temperature of

600–1050 ℃ . For YSZ TBCs and other rare-earth
containing novel TBC candidates, molten salt easily
leaches out the rare-earth elements in TBCs, which
causes several adverse effects [304–307]. First, loss of
rare-earth causes phase destabilization of TBCs such as
in the case of YSZ TBCs. It undergoes phase
transformation in the presence of molten salt. Second,
for some TBCs containing high rare-earth contents,
phase transformation resulting from rare-earth loss is
not an important concern, but changes of thermo-physical
and mechanical properties of the coating in the
presence of molten salt could not be ignored, which
significantly affect the coating lifetimes. Third, molten
salt penetration in the coating and reaction with it
destroys the coating microstructure, which largely
degrades coating performance, such as thermal insulation
and thermal shock.
Recently, Shifler from the Office of Naval Research
(USA) and Choi from Naval Air Systems Command
(USA) [308] inspected shipboard gas-turbine components
and found that in the marine environment, CMAS
corrosion could occur at temperatures much lower than
its melting temperature. This phenomenon is peculiar,
and some important questions arise, such as: What
caused CMAS attack to components at a lower
temperature? Was this triggered by the salt in the
marine environment? How did salt reduce the melting
temperature of CMAS? In summary, compared with
CMAS corrosion or molten salt corrosion alone, the
coupling corrosion of CMAS and molten salt is more
complex and much more severe. Compared with
CMAS, it is considered that the coupling of CMAS
and molten salt causes accelerated corrosion of TBCs,
which could be understood by the following aspects.
First, coupling corrosion occurs at lower temperatures
than CMAS corrosion. According to Shifler and Choi
[308], the mixture of CMAS and molten salt has a
lower melting point than CMAS. Guo et al. [309]
found that NaVO3 + CMAS mixture (CN) has a lower
melting temperature (by ~50 ℃) than CMAS. As we
know, only when the corrosion medium melt, it would
cause obvious corrosion of TBC. Therefore, at a
temperature at which CMAS + salt melts but CMAS
does not, it is undoubtedly that the coupling of CMAS
and molten salt has accelerated corrosion to TBC
compared with CMAS. Second, at a temperature when
both CMAS and CMAS + salt melt, the latter has a
lower viscosity. Guo et al. [309] pointed out that the
addition of salt such as NaVO3 into CMAS could
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significantly reduce the melt viscosity. A low viscosity
means a higher penetration ability, which causes the
melt to penetrate the coating more easily. As a result,
the coupling of CMAS and molten salt induces severer
corrosion to TBCs than to CMAS, which has been
confirmed by Guo et al. [309], but the coupling
corrosion mechanisms to TBCs still need further
investigation.
For the corrosion protection of TBCs against CMAS
and molten salt attack, much attention and investigation
have been reported. To mitigate CMAS attacks on
TBCs, a direct method is to induce CMAS crystallization,
dragging the melt infiltration to TBCs. The reaction
between coating constituents and the melt could
produce crystallization products. However, the products
generated on the surface of YSZ TBCs by reacting
with CMAS cannot form a crystalline sealing layer; as
a result, although some CMAS is crystallized, most of
the melt has penetrated the coating. Therefore, some
attempts have been made to promote reaction
crystallization by forming a sealing layer on the
coating surface. Drexler et al. [310] pointed out that
doping Al2O3 and TiO2 into YSZ coatings can promote
molten CMAS crystallization, suppressing CMAS
penetration. To better understand the interaction behavior
between CMAS and TBCs, it is necessary to identify
whether the crystalline products are formed as a result
of CMAS self-crystallization or reactive crystallization
between CMAS and TBCs. Wiesner and Bansal [311]

studied the crystallization kinetics of CMAS powder
and bulks and the microstructure and chemical
compositions of crystalline phases after heat treatments,
but their dwelling temperature was not above 960 ℃
[311]. Guo et al. [312] systematically investigated the
effects of cooling/heating rates and the heat treatment
peak temperature on phases, morphologies, and
microstructure of CMAS self-crystallization products,
and pointed out that the products of diopside, wollastonite,
and anorthite have different abilities to form. They also
indicated that although self-crystallization can slow
molten CMAS penetration, its function in protecting
TBCs from damage is limited.
Other strategies for alleviating CMAS corrosion to
TBCs have been developed. Wang et al. [313] reported
that electroplating a dense and defect-free Pt film on
YSZ TBCs effectively protected the coating from
CMAS attack. Guo et al. [314,315] first reported a
CMAS resistant material of Ti2AlC MAX phase. They
indicated that Ti2AlC has a great ability to resist
molten CMAS penetration, and the pre-oxidized one
has obvious advantages over its non-oxidized counterpart.
MAX phase of Ti2AlC is thus strongly suggested to be
used as a protective layer material on TBCs against
CMAS attack. Yan et al. [316] adopted laser glazing to
produce a modified layer on the YSZ TBC surface,
which has a columnar microstructure with some open
channels, as shown in Figs. 56(a) and 56(b). Exposed
to CMAS attack, the glazed layer retains phase stability,

Fig. 56 (a) Surface morphology. (b–d) Cross-sectional microstructures of laser-glazed YSZ TBCs. (c) and (d) are images of the
TBCs after corrosion by CMAS and V2O5, respectively. Reproduced with permission from Ref. [323], © The Author(s) 2020.
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maintains structural integrity, and has good adhesion to
the underlying coating (Fig. 56(c)), suggesting that
laser glazing is an effective method to alleviate CMAS
attack on TBCs.
In the aspect of protecting TBCs against molten salt
corrosion, the emphasis is mostly focused on seeking
an alternative stabilizer to Y2O3 in ZrO2 based TBC
materials, aiming at enhancing the phase stability in
the presence of molten salt. It has been found that ZrO2
doped with Sc2O3, In2O3, CeO2, Ta2O5, and Gd2O3–Yb2O3
reveals higher phase stability than that of YSZ when
exposed to molten salt suggesting better corrosion
resistance [317–320]. Some newly-developed TBC
materials were reported to have enhanced molten salt
corrosion resistance, such as rare-earth phosphate and
Sc2O3-doped Gd2Zr2O7 [321,322]. In particular, LaPO4
and NdPO4 reveal excellent corrosion resistance. The
penetrated molten salt elements such as V react with
them to form RE(P,V)O4 (RE = Nd and La) solid
solution, which causes little damage to the original
microstructure. Guo et al. [323] found that laser
glazing also improves the corrosion resistance of YSZ
TBCs in the presence of molten salt, as shown in Fig.
56(d). The glazed coating exhibits enhanced phase
stability and is resistant to molten salt penetration.
For the case of coupling corrosion of CMAS and
molten salt to TBCs, there has been no report on
corrosion protection. According to previous studies by
Guo et al. [316,323], laser glazing on TBC surfaces is
beneficial to improving both CMAS and molten salt
corrosion resistance. Hence, TBC surface modification
by laser glazing might be a promising method to
alleviate the coupling corrosion to TBCs. However, for

the application of this method, a large amount of work
is needed, such as microstructure design of the modified
coating, precise control of the glazed layer, and
interface matching investigation. For the exploration of
novel TBC materials that are resistant to the coupling
corrosion, it is found that rare-earth phosphates have
excellent resistance to both CMAS corrosion and
molten salt corrosion, and thus they are considered to
be a promising TBC candidate material in the coupling
corrosion condition [321,324]. However, how rare-earth
phosphate TBCs behave in the presence of a mixture of
CMAS and molten salt is still not clear.
In short, to mitigate the coupling corrosion of top
coat, in addition to typical YSZ, some novel ceramic
materials have been developed, such as LCO,
LaMgAl11O19, Gd2Zr2O7, and GdPO4 [325–327]. However,
these newly developed TBC materials usually have
poor mechanical properties, such as low toughness.
Double ceramic layer (DCL) TBCs have been proposed
to employ both YSZ and new ceramics [270,328].
Except for these approaches, a deeper understanding of
the coupling corrosion mechanism at relatively low
temperatures requires further effort.
3. 4

Ceramic degradation by erosion

Erosion failure of TBCs usually refers to the
phenomenon that in the actual service process, the hard
particles in airflow repeatedly impact the surface of
TBCs, and the ceramic layer in the action area becomes
dense, resulting in thickness thinning and crack initiation
and propagation, and finally leading to coating spalling
(Fig. 57). Generally, there are two main sources of hard

Fig. 57 Damage and spalling of TBCs under erosion conditions: (a) optical image showing the impact damage and (b) Macro
photos after erosion failure. Reproduced with permission from Ref. [332] for (a), © Elsevier Science B.V. 2002; Ref. [334] for
(b), © Elsevier Ltd. 2012.
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particles (internal and external): One is carbon particles
generated inside the engine or formed during combustion
or particles formed due to erosion of engine combustion
chamber wall and turbine blade. The other is from the
external objects sucked into the gas turbine, such as
sand, dust, aluminum, and other metal particles. Although
the failure caused by the action of the second type of
particles is caused by the impact damage of external
objects, these two types of damage are generally unified
as erosion, and only the differences in the failure modes
of coating damage caused by particles of different
properties are regarded as those caused by different
failure mechanisms [288,329–331]. Generally, the erosion
rate (we) of TBCs is defined as the ratio of the mass
reduction in the ceramic layer to the mass of particles
participating in erosion. It is determined by the
properties of impact particles and ceramic layers. The
main influencing factors have two groups of parameters.
One group is particle mass (size and density), velocity,
and angle. The other group is the physical and
mechanical properties, such as density, elastic modulus,
strength, hardness, and fracture toughness of both
ceramic layer and erosive particles [332,333].
The coatings prepared by APS have typical layered
structural characteristics and multiple irregular defects,
while the coatings prepared by EB-PVD have a typical
columnar crystal structure. Therefore, the macro behavior
and micro mechanism of erosion resistance of the two
coatings are very different. EB-PVD coatings have
greater strain tolerance and better anti-erosion performance
than APS coatings because of their columnar crystal
structure. However, the preparation cost of APS is
lower than that of EB-PVD, and it also has obvious
advantages over the coating prepared by EB-PVD in
terms of thermal insulation performance. Therefore, the
APS TBCs will still play an irreplaceable role in some
aspects of the application of some key components,
such as power and aviation industries. To improve the
anti-erosion performance of the coating prepared by
APS, the preparation process of APS coating can be
further optimized and improved. For example, some
APS coatings with vertical microcracks on the surface
can be artificially prefabricated during preparation,
which is usually called segmented APS coating [335].
Generally, thick TBCs have this typical microstructure
characteristic. In addition, the anti-erosion performance
of the coating can be further improved by PS-PVD.
Cernuschi et al. [336] and Wellman and Nicholls
[337] systematically compared the effects of the

preparation process, state of erosion particles (velocity
and angle), and erosion temperature on the anti-erosion
performance of these coatings. It was concluded that
under the conditions of the same erosion angle, velocity,
and temperature, the anti-erosion performance of TBCs
was ranked according to the preparation process,
followed by EB-PVD, and segmented APS, PS-PVD,
and APS. It was also found that we of APS coating was
ten times or even more than that of EB-PVD coating.
For all kinds of TBCs, we increases with increasing
erosion angle (the angle between particle motion
direction and ceramic surface) and particle velocity
(vp), and we is related to the particle erosion angle (φ)
and vp by the following relationship [336]:
we  (vp sin  )n

(15)

where n is a constant and taken as 3.0 for bulk zirconia
ceramics, 2.3 for APS YSZ coatings, and 1.4 for
EB-PVD YSZ coatings [336]. The results show that
temperature is not a sensitive factor affecting we of
TBCs, which indicates that the erosion temperature
may not change the erosion failure mechanism. However,
some studies have found that we of TBCs decreases
slightly with increasing temperature, which may be
related to the increase in the plastic deformation capacity
of the ceramic top coat at high temperatures [338].
Generally, there are many mechanical property
parameters that affect the anti-erosion performance of
TBCs. Among them, hardness often reflects the
comprehensive mechanical properties of materials and
is also one of the most important mechanical properties.
Therefore, studying the relationship between anti-erosion
performance and the hardness of TBCs can explain the
influence of material mechanical properties on
anti-erosion performance to a certain extent. Janos et al.
[339] found that the relationship between we of APS
coating and the micro-Vickers hardness (HV) of the
ceramic layer can be fitted as Eq. (16):

we  aH Vb

(16)

where a and b are constants related to experimental
conditions. Generally, turbine blades coated with TBCs
have very complex geometry and microstructure. In
fact, different curved surface structures and different
microstructures, such as the size of EB-PVD columnar
grains and the spacing between adjacent columnar
grains, will affect the erosion performance of TBCs.
The porosity of the APS ceramic layer also has a great
influence on the erosion performance of TBCs. Research
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by Wellman et al. [340] has shown that the erosion rate
of ceramic layer with convex geometry is much higher
than that of a ceramic layer with concave geometry.
The micro defects of the coating also have a very
significant impact on the anti-erosion resistance of the
coating. APS coating has a typical layered structure.
The whole ceramic layer can be regarded as the
superposition of strip units layer by layer. In the
process of spraying and cooling, the pores with a large
volume fraction in the ceramic layer are formed due to
the insufficient overlap of adjacent molten drop layers,
the lack of gas to be excluded from the molten drop
layer during spraying, and the effect of residual stress,
and many microcracks parallel to the interface are
formed. The existence of these micro defects (pores
and cracks) makes the elastic modulus of the APS
ceramic layer smaller, so its loading capacity decreases.
Compared with EB-PVD coating, APS coating has
poor anti-erosion performance. The collision between
the particles and ceramic layer is the interaction
between particles and single or multiple layered units
in this area. The erosion failure mode is that cracks are
formed and propagated at the boundary of layered
units, and the ceramic layer flakes along these
boundaries, without an obvious dense layer such as
EB-PVD coating. For APS coating, the anti-erosion
performance is closely related to the distribution of
pores and cracks in the ceramic layer. The increase in
pores and parallel cracks in the ceramic layer provides
more initial sources for the spalling of layered
elements, so the coating is easier to spall. In contrast,
when the ceramic layer is relatively dense, that is,
when there are few pores and cracks, the coating
shows better anti-erosion performance.
The erosion test for the experimental study of TBCs
is mainly to spray one or more hard particles to the
ceramic surface of TBCs at a certain angle and speed at
a certain temperature through a special wind tunnel
device, gas spray gun device, or industrial combustion
device. The damage modes of the ceramic layer will be
observed, and the factors affecting its anti-erosion
performance will be analyzed. Nicholls’ and Wellman’s
research groups [340,341] of Cranfield University in
the UK have carried out in-depth experimental research
on the erosion failure of TBCs. In addition, Zhu’s
research group [342], and Padture’s research group
[343,344] have also carried out relevant experimental
research on the erosion mechanism of TBCs.
From the perspective of modeling and simulation,

the current research at home and abroad mainly
focuses on the static indentation simulation of TBCs
prepared by EB-PVD, and the velocity effect of impact
indenter has not been fully considered in a strict sense.
Yan et al. [345] studied the stress, load–displacement
curve, and other information of TBCs under the action
of micro indentation by using the finite element
numerical simulation method. The research results
show that the coating with a multilayer structure does
not necessarily prefer crack and delamination failure at
the weakest interface under the action of indentation.
Chen et al. [346] studied the high-temperature indentation
behavior of a coating prepared by EB-PVD with
columnar crystal structure by using the finite element
numerical simulation method. The research results
show that under indentation, the columnar crystal
deformation of the TBCs has obvious “shear band”
characteristics, different shape characteristics will be
produced under the action of indenters with different
shapes, and the shape characteristics of the shear band
have a certain functional relationship with the width of
the columnar crystal, the friction between indenter and
TBC, and the friction between adjacent columnar
crystals. Ramanujam and Nakamura [347] studied the
failure mechanism of thermal sprayed coating with
multi-phase under erosion conditions by using the
finite element simulation method. The results show
that adding a small amount of metal ductile phase to
brittle ceramic coating phase can greatly improve the
erosion resistance of the coating. However, the
oxidation of metal addition during thermal exposure
limits the application of this approach for TBCs in
high-temperature environments.
In conclusion, based on the abovementioned erosion
study mainly at room temperature, erosion experiments
at high temperatures need further investigation. The
relationship between erosion and corrosion by dusts in
air should also be explored in future studies.

4

Structure design for long lifetime TBCs

The spalling of ceramic top coat limits the further
development of coatings. The improvement of coating
lifetime can be achieved by improving the fracture
toughness of ceramic materials. In addition, designing
a novel ceramic structure to reduce the cracking
driving force of the coating can also realize the long
lifetime of the coating. Some new structural designs
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for ceramic layer are summarized, which will provide
guidance for the development of high-performance
coatings in the future.
4. 1

Lamellar structure design

4.1.1 Multilayer design
To overcome the shortcomings of the state-of-the-art
pure YSZ TBCs [143,146], multilayers TBCs with two
or more ceramic top coat were developed [14,348–352].
In particular, to develop the higher-temperature
application TBCs, pyrochlore-structured oxides such as
La2Zr2O7 (LZO) [353–355], Gd2Zr2O7 (GZO) [356,357],
and La2Ce2O7 (LCO) [358] have been intensively
reported. The double-ceramic-layered TBCs based on
pyrochlore/YSZ are proposed. On the one hand, the
LZO layer can protect the bottom 8YSZ from
premature sintering. On the other hand, the 8YSZ layer
alleviates the thermal mismatch between the LZO and
substrate. LZO, as representative candidate material, is
phase-stable up to melting points (2300 ℃). Moreover,
LZO shows superior low thermal conductivity and the
low diffusivity of oxygen ions [359], which may
reduce the total thickness of the ceramic layer under
the premise of ensuring the thermal insulation function
and decelerate the growth of TGO [360], and
eventually achieve a long life span of TBCs. However,
La2Zr2O7 exhibits a low CTE and fracture toughness,
which may cause premature failure of TBCs during
service [361]. Given this, LZO/YSZ coatings have
been extensively investigated [362–364] to prolong the
life span of the pyrochlore-structured TBCs.
During actual service, lifetime and thermal insulation
performance are both important indicators for the
application of TBCs. The thermal insulation performance
of TBCs is generally considered to be the temperature
difference between the surface of coating and substrate
during service, which actually refers to the thermal
insulation function of the coating, and it is applicable
under certain circumstances. However, for a given
TBC system, if the TBC environment is not specified,
the thermal insulation function is not clear. For
example, if the temperature difference between the
surface of coating and substrate is zero, it does not
mean that TBCs themselves have no thermal insulation
capacity. Therefore, the description of heat insulation
performance needs to be redefined to describe its heat
insulation capacity, which is free from the service
environment and truly guides production. At present,

the design of the TBC system is often based on the
premise of the same thickness of the ceramic layer.
Namely, when designing a new TBC system, the total
thickness of the ceramic layer is fixed, and then
changes the thickness ratio of different ceramic layers.
This will result in completely different thermal
insulation performance for each group, and the actual
thermal insulation of ‘short-lived’ TBCs is often higher
than that of ‘long-lived’ ones. Overall, for the lifespan
assessment of TBCs under the premise of unequal
thermal insulation functions, the results may not reflect
the real TBC service behavior. Until now, there are few
reports on distinguishing the thermal insulation
performance.
In this section, a multilayer TBC design based on
equivalent thermal insulation performance is proposed,
and for convenience, the unit thermal resistance (RUT)
as an intrinsic parameter to describe the thermal insulation
performance of TBCs can be expressed as [355]:
RUT 

 tc


(17)

where δtc is the thickness of the ceramic top coat.
For multilayered TBCs, the ceramic layers are in a
series system, and the RUT of the multilayers is the sum
of each layer. Hence the RUT of the DCL LZO/YSZ
coating can be expressed as [355]:
RUT 

 LZO  YSZ

LZO YSZ

(18)

According to the analysis above, there are at least
three advantages if TBCs are designed based on the
equivalent thermal insulation performance: (1) The
stress of TBC system can be reduced at the initial
preparation process under the premise of ensuring heat
insulation function; (2) the service behavior and failure
mechanism may be clarified under the same conditions
of service environment (same bond coat temperature),
which is beneficial for developing strategies to extend
the TBC life span; (3) the waste of materials and cost
in the preparation process can be reduced.
Two strategies are proposed for designing hightemperature and long life span TBCs, overall modulus
reduction, and sublayer structure design for LZO layer
on a 200 μm YSZ layer basis, and the thermal insulation
performance of 500 μm YSZ (5Y) is set as a benchmark,
as shown in Fig. 58. Liu et al. [159] obtained that the
measurement results for the thermal conductivities of
LZO coatings with high-modulus (70 GPa),
middle-modulus (60 GPa), and low-modulus (50 GPa)
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exhibit 0.74, 0.62, and 0.53 W·m−1·K−1, respectively.
The thermal conductivity of YSZ coatings is 1.1
W·m−1·K−1. The above parameters are employed for
designing the long life span TBCs, and high modulus
(70 GPa), middle modulus (60 GPa), and low modulus
(50 GPa) can be obtained by the precise control of the
preparation process, such as spraying distance.
Therefore, if the thermal insulation effect of 100 μm
thick YSZ coating is defined as 1 unit, 67 μm
high-modulus LZO, 57 μm high-modulus LZO, and
48 μm LZO low-modulus coating are exactly the same
thermal insulation effect. According to the analysis above,
one group of TBCs had similar thermal insulation
performance based on overall modulus reduction design,
namely, 5Y, 200 μm YSZ + 201 μm high-modulus LZO
(3 high E, 3H), 200 μm YSZ + 171 μm middle-modulus
LZO (3 middle E, 3M), and 200 μm YSZ + 144 μm
low-modulus LZO (3 low E, 3L). Another group of
TBCs with similar thermal insulation performance
based on sublayer structure design, namely, different
combinations of high- and low-modulus LZO, are

deposited on 200 μm YSZ surface. Specifically, they
are named as three units (201 μm) high-modulus LZO
(3H), 2 units high-modulus LZO (134 μm) + 1 unit
(48 μm) low E LZO (2H/1L), and 1 unit (67 μm)
high-modulus LZO + 2 unit (96 μm) low E LZO (1H/2L).
The fracture mechanics approach is often adopted to
simulate crack propagation, in which the crack driving
force characterized by SERR is computed to evaluate
the cracking tendency. For a given finite element
model, the total SERR (Gt) converges to a certain
value, which can be obtained by using the virtual crack
closure technique (VCCT):
Gt  GI  GII

(19)

where GI and GII are the SERR components.
Figure 59 shows the Gt (GI +GII) of the overall
modulus reduction design, and the sublayer structure
design when 0.3% strain was applied to the TBC. The
SERR of 3H is as high as 28.2 N·m−1. When the elastic
modulus of the whole LZO layer decreased to 50 GPa,
the SERR decreased to only 18.8 N·m−1. For the

Fig. 58 Multilayer design for long life span TBCs: (a) overall modulus reduction design and (b) sublayer structure design.
Reproduced with permission from Ref. [353], © Elsevier B.V. 2019; Ref. [354], © Elsevier Ltd. 2018.

Fig. 59 Energy release rates under different designs: (a) overall modulus reduction design and (b) sublayer structure design.
Reproduced with permission from Ref. [354], © Published by Elsevier Ltd. 2018.
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sublayer structure design, the SERR G of 1H/2L TBCs
is only 20.6 N·m−1, which is far less than 28.2 N·m−1
of 3H TBCs. According to the accumulation of TBC
failure mechanism, the 3L TBCs should have the
longest thermal cycle life.
The above two groups of TBCs are successfully
prepared by precisely controlling the spray distance
from 70 to 145 mm, as shown in Fig. 60. The
cross-sectional SEM images of long life span TBCs,
Figs. 60(a)–60(d) are the overall modulus reduction
design, and Figs. 60(e)–60(h) are the sublayer structure
design.
To simulate the actual service condition, a gradient
thermal cyclic test was performed with a gas burner.
The surface of the TBCs was sustained at 1300±30 ℃,
and at the same time, the backside temperature was
kept at 940±30 ℃. The lifetime of TBCs was defined
as the thermal cycle number when 10% area delamination
of the ceramic top coat was observed. One thermal
cycle is approximately 5 min. Figure 61 shows the

lifetime of different groups of TBCs under thermal
gradient cyclic test. The lifetime of single YSZ ceramic
layer TBCs (5Y) is approximately 90 cycles, which is
relatively low due to the thicker topcoat thickness of
500 μm combined with a higher surface temperature of
1300 ℃. When 300 μm YSZ was substituted with 201
μm high modulus LZO (3H), the lifetime was slightly
beyond that of the single-layered YSZ coatings (5Y).
With a further decrease in the substituted LZO elastic
modulus, the lifetimes of 3M and 3L have increased to
111 and 206 cycles, respectively. For the sublayer
structure design strategy, the lifetimes of 3H and
2H/1L are slightly higher than that of 5Y, which is
approximately 100 cycles. The lifetime of 1H/2L is
50% higher than that of the single YSZ coatings. It is
concluded from the above results that the lifetime of
newly-designed TBCs in order from highest to lowest
is: 5Y < 3H < 2H/1L < 3M < 1H/2L < 3L, which is the
opposite of the energy release rate shown in Fig. 59.
Given the above fact, by maintaining the same

Fig. 60 Cross-sectional SEM images of long life span TBCs: (a–d) overall modulus reduction design and (e–h) sublayer
structure design. Reproduced with permission from Ref. [353], © Elsevier B.V. 2019; Ref. [354], © Published by Elsevier Ltd.
2018.

Fig. 61 Lifetime of newly designed TBCs under gradient thermal cyclic tests: (a) overall modulus reduction design and (b)
sublayer structure design. Reproduced with permission from Ref. [353], © Elsevier B.V. 2019; Ref. [354], © Published by
Elsevier Ltd. 2018.
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thermal insulation function, further reducing total top
coat thickness is an important future research direction.
4.1.2 Micro-lamellae/nano-zone bimodal design

Except for the lamellar structure of the plasma-sprayed
ceramic top coat, the inclusion of specially designed
nano-zone is a recently-reported strategy to improve
the performance of TBCs. For typical plasma-sprayed
top coat, spherical and disk-shaped pores (intra-splat
cracks and inter-splat pores) have different types of
effects on the thermal insulation of coatings. Disk-shaped
pores with radial axes parallel to the substrate lead to a
reduction in thermal conductivity, whereas the effect is
the smallest when pores are perpendicular to the
substrate [365]. As expected, the relative effect of
spherical and randomly-oriented disk-shaped pores lies
between the relative effect of intra-splat cracks and
inter-splat pores.
Furthermore, pore aspect ratios play a significant
role in the thermal insulation performance of TBCs
[366,367]. Dutton et al. [368] found that if the volume
fraction of pores was constant, but their aspect ratios
changed from 500 to 20, there would be a fourfold
increase in the thermal conductivity. Arai et al. [369]
investigated the influence of pore aspect ratios on
thermal conductivity with the help of the SEM-based
finite element model. The results demonstrate that the
thermal conductivity increases by 30% as the pore
aspect ratios decrease from 5 to 2. Zhang et al. [365]
developed a new model including inter-splat pores and
intra-splat crack to investigate the effect of pore aspect
ratios on thermal insulation performance. It was found
that the coatings with a large-pore aspect ratio
exhibited stronger thermal insulation. In detail, the
pores in TBCs can interrupt thermal flux because the
thermal resistance of pores is much larger than that of
YSZ. The thermal conductivity of the air in the pores
(~0.025 W·m−1·K−1) is merely 1% that of the YSZ
bulk (~2.5 W·m−1·K−1). Consequently, the thermal flux

vector at the center of the pores passes through the
pores directly, while it deviates somewhat from the
original path and passes through the contact matrix
areas near the edge of the pores. This means that the
edges of the pores cannot block thermal transfer. Based
on the thermal flux vector distributions, the pores can
be divided into effective and invalid parts [365]. The
effective normalized area is defined as the ratio of the
effective area to the total area of the pore. As the
aspect ratio increases, the normalized effective area
increases, and the normalized thermal conductivity
decreases (Fig. 62). This can be attributed to the larger
effective areas of the pores.
Even more noteworthy is that a higher aspect ratio
means better thermal insulation performance. It is
important to insert pores with larger aspect ratios into
coatings to effectively lower the thermal conductivity
of the coatings [365]. Nanoparticles have a larger
specific surface area and longer interfaces than other
particles. For example, almost 50 vol% of the atoms
are located at the interface when the crystal grain
diameter is 10–20 nm [370]. Eventually, compared to
micron particles, the nano-powder had a lower
sintering activation energy and a faster sintering rate.
Therefore, if the large aspect ratio nano-zones are used,
numerous new pores with a large aspect ratio will
appear at elevated temperatures in the form of
interfacial openings between the micro-lamella zones
and nano-zones [13].
The insertion of nano-zones into conventional
coatings is challenging. For instance, the injection of
fine particles into the core of high-enthalpy flow is
quite difficult [371]. Generally, vapor deposition
techniques, solution reduction techniques, and particle
deposition techniques are mainly utilized to realize
nano-structure features [372]. Racek et al. [373] used
the APS method to prepare layers of nanostructured
YSZ. Zhou et al. [374] prepared nanostructured TBCs
using APS and found that they exhibited excellent

Fig. 62 Schematics describing the effective and invalid parts of the pore. Reproduced with permission from Ref. [365],
© ASM International 2017.
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thermal cycling resistance and low thermal diffusivity.
Jordan et al. [375] used the solution precursor plasma
spray (SPPS) process to create bimodal YSZ coatings.
The APS–SPS method can spray powders and generate
a suspension simultaneously. It can control the
distribution of nano-zones by adjusting the input of
particles and suspensions. The APS–SPS method was
originally proposed by Skoog et al. [376]. Cipri et al.
[377] used the APS–SPS method to prepare
nanostructured material along with temperature-sensitive/
low melting point materials, such as solid lubricants,
semiconducting oxides, or polymers. Joshi and
Sivakumar [378] systematically studied the spraying
mechanism of APS–SPS and deposited dual-mode
YSZ, Mo alloy (Mo–NiCrBSiFe–NiAlMo)–YSZ,
NiCoCrAlY–YSZ, and YSZ–Gd2Zr2O7 coatings.
Figure 63(a) shows a schematic illustration of the
co-spraying setup with a suspension and solid powders
[13]. The co-spraying setup is formed by adding a
suspension nozzle to a conventional APS spraying
device. micro-lamella/nano-zone bimodal coatings
comprising both dense and loose regions can be
realized by the alternate control of the powder and
suspension (Fig. 63(b)). As the bimodal coatings are
built up by the stacking of layers from the multiple
single-scans, the two distinguished structures may be

formed by single-solution or single-particle steps. The
loose zones represent the porous nano-particle heaps
embedded in the coating microstructure during thermal
spraying by a single-solution step. The dense zones
composed of columnar grain structures represent the
previously molten lamellar YSZ particles that form the
matrix of the coating microstructure by a single-particle
step. It is worth noting that the dense and loose regions
of APS bimodal coatings are formed by porous
nanostructure agglomerated powders that are fully
molten or semi-molten in the spray jet (Fig. 63(c))
[379]. SPS comes from melting and solidification or
not melting nanostructure suspension agglomerates
(Fig. 63(d)) [380].
The bimodal coatings consist of alternating dense
and loose zones, which correspond to melted layered
splats and nano-zones, respectively. The sintering rate
varies greatly between the micron- and nano-zones. As
a result, two kinds of shrinkages are exhibited at both
the global and local scales under thermal exposure.
The continuously distributed micron splats shrink over
the entire coating scale, while the nano-zones scattered
therein undergo local shrinkage. Therefore, at elevated
temperatures, numerous new pores will appear in the
form of interfacial openings between the nano-zones
and matrix (Fig. 64) [381].

Fig. 63 Preparation process and microstructures of the bimodal coatings: (a) schematic demonstration of the plasma
co-spraying with suspension and solid powder. (b–d) Morphologies of micro-lamellae/nano-zone bimodal coatings. Reproduced
with permission from Ref. [13] for (a, b), © ASM International 2018; Ref. [379] for (c), © ASM International 2008; and Ref.
[375] for (d), © ASM International 2014.
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Fig. 64 Microstructure morphologies and thermal conductivities of the coatings: (a) morphologies of lamellae, (b) microlamella/nano-zone bimodal coatings that had been heat-treated at 1400 ℃ for 100 h, and (c) lnλ as a function of thermal
exposure time. Reproduced with permission from Ref. [13], © ASM International 2018.

Figure 65 shows a schematic diagram of the different
sintering mechanisms for the two kinds of coatings. (1)
For the lamella coating, the increase in the thermal
property at the initial thermal exposure duration (Stage I)
was much faster with respect to that in the following
longer duration (Stage II). At Stage I, the in-situ pore
healing behavior revealed that the significantly faster
sintering kinetics were attributed to the rapid healing
induced by multipoint connection at the inter-splat pore
tips, as well as a small quantity of narrow intra-splat
cracks. In the following Stage II, the residual wide
inter-splat pore parts and the wide intra-splat cracks
decreased the possibility of multi-connection at their
counter-surfaces, resulting in much lower sintering
kinetics [160]. (2) For bimodal coating, an ultrafast
increase in thermal conductivity occurs during an
initial short thermal exposure (Stage I), and then the
thermal conductivity begins to decline after long

thermal exposure (Stage II). In Stage I, a large number
of pores are healed, and nanoparticle heaps are sintered
together. In the following Stage II, the much lower
activation energy of the nano-heaps causes a higher
sintering-induced densification rate compared to the
lamellar zones. The effect of the disappearance of the
micro-pores is counteracted by the creation of openings
between the lamellar zones and the nano-zones.
Consequently, when the duration of thermal exposure
is lengthened, a decline in thermal conductivity is
observed [382].
For TBC applications, the micro-lamella/nano-zone
bimodal coatings will reduce the increase in thermal
conductivity significantly when exposed at high
temperatures by counteracting densification effects via
differential sintering. However, whether the newly-formed
pores degrade the cracking resistance of the top coat
needs further investigation.

Fig. 65 Schematic diagram of sintering mechanisms of the conventional and self-enhancing coatings undergoing thermal
exposure. Reproduced with permission from Ref. [383], © The Nonferrous Metals Society of China and Springer-Verlag GmbH
Germany, part of Springer Nature 2020.
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Columnar structure design

4.2.1 SPS/SPPS

Columnar-structured TBCs have drawn significant
attention due to their high strain tolerance and elevated
thermal cycling life. Columnar-structured TBCs are
commonly fabricated by the EB-PVD and PS-PVD
processes, whereas the two processes face many
limitations such as high equipment cost and restricted
deposition space. SPS and SPPS are two processes using
suspension and solution as feedstocks, respectively, and
they are capable of rapidly depositing finely-structured
coatings on large areas [384]. The use of liquid
feedstocks allows the control of coating structures at
sub-micron and nanometer-sized scales, thereby enabling
the deposition of columnar-structured coatings. By
tailoring the process parameters, columnar-structured
TBCs with high porosity can be deposited via the SPS
and SPPS processes, showing excellent thermal
insulation capability and thermal cycling performance.
The deposition of columnar-structured TBCs via the
SPS and SPPS processes has been extensively reported,
especially for the SPS process. Suspension is used as
the feedstock in the SPS process and is prepared by
dispersing the submicron-/nanometer-sized particles
into the solvent, which is generally water, ethanol, or a
mixture of both. Dispersants are usually needed as
additives to alleviate the agglomeration of fine particles
and to alter the rheological properties of the suspension.

The SPS process is shown schematically in Fig. 66.
The suspension is delivered by the pneumatic pump
system or peristaltic pump system and injected into the
plasma by mechanical injection or atomization injection.
The suspension has complex interactions with the
plasma jet, as shown schematically in Fig. 66. When
the suspension stream is injected into the plasma jet, it
experiences a drastic aerodynamic breakup process due
to the huge velocity difference between the suspension
and plasma, resulting in numerous fine droplets. Fine
particles inside the suspension agglomerate with solvent
evaporation, which are further sintered and melted. Then
the melted particles impact the substrate, accumulate,
and gradually form coatings [384]. Different kinds of
deposits can be formed depending on the behaviors of
in-flight suspension droplets, which result in various
microstructures upon impingement.
As the in-flight particles formed in the SPS process
are extremely small, their motion is more readily
affected by the plasma gas flow. When the plasma
encounters the substrate or previously deposited
coating, the gas flow is diverted to become parallel to
the surface, forming a boundary layer. The in-flight
particles can be deviated by the plasma flow in the
vicinity of the substrate, as shown in Fig. 67(a). The
large particles have enough inertia to penetrate the
boundary layer and impinge on the surface orthogonally,
whereas the small particles with low inertia tend to
follow the diverted gas flow and impinge obliquely on

Fig. 66 Schematics of the SPS process and the interactions between suspension and plasma.
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Fig. 67 Preparation process and microstructures of the SPS coating: (a) schematic of the formation of columnar structures in
the SPS process and (b, c) representative columnar-structured YSZ coatings. Reproduced with permission from Ref. [385],
© ASM International 2017.

the protrusions of the surface. In this way, columnar
structures are formed gradually and shade the subsequent
in-flight particles from impinging on the areas below
the columns, which is referred to as the shadowing effect
[385]. The typical microstructures of columnar-structured
TBCs are shown in Figs. 67(b) and 67(c). The crosssection shows micron-sized columns with inter-columnar
voids, and the top surface shows cauliflower structures.
The suspension properties, deposition parameters,
and surface roughness are the main factors governing
the formation of different columnar structures in the
SPS process. Curry et al. [386] systematically
investigated the effects of suspension properties,
including solvent type, solid loading, and particle size,
on the formation of coating microstructures. The
results showed that using water solvent and large solid
loading produced large droplets, which were less
affected by the diverted plasma flow and formed
vertically-cracked coatings upon impingement. In
contrast, using ethanol solvent and small solid loading
contributed to the formation of smaller droplets, which
resulted in columnar structures.
The deposition parameters have significant effects
on the aerodynamic breakup process of suspension and
the heating/acceleration history of the droplets, which
thereby results in different microstructures. Ganvir et al.
[387] showed that different coating microstructures

could be obtained by tailoring the deposition
parameters. When a low torch power, small plasma gas
flow rate, and large suspension feed rate were used, the
aerodynamic breakup was weakened, and the droplets
were insufficiently heated, resulting in porous coatings
without apparent columnar structures. In contrast,
when high power, a large plasma gas flow rate, and a
low suspension feed rate were applied, the suspension
was atomized sufficiently, which were subsequently
well heated. These small-melted particles formed
feathery-like columnar structures upon impingement.
The protrusions on the surface where the ceramic
top coat is deposited serve as effective sites for the
formation of columns, indicating that the surface
roughness is a critical factor affecting the formation of
columnar structures in the SPS process. Sokolowski et
al. [388] showed that high surface roughness facilitated
the formation of columnar structures by comparing the
deposition of YSZ coatings on substrates prepared by
grit blasting, laser treatment, turning, and grinding.
Zhou et al. [389] reported that the YSZ coatings
deposited via the SPS process transitioned from
vertically cracked microstructures to mixed crack/column
microstructures and to columnar microstructures with
increasing the bond coat roughness.
The thermal conductivity of columnar-structured
SPS TBCs is not only dependent on the porosity but
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also on the columnar morphologies, as the inter-column
gaps can act as pathways for the hot gas ingress. The
YSZ coatings with well-separated columns generally
show higher thermal conductivity than the coatings
with densely packed columns with comparable porosity.
The thermal conductivities of some representative
columnar-structured SPS YSZ coatings are summarized
in Table 6.
The thermal cycling performance of columnarstructured SPS TBCs is dependent on many factors,
including the column morphologies, top coat materials
and microstructures, bond coat, etc. The thermal cycling
life of columnar-structured coatings is significantly
elevated, although the reported lifespan varies dramatically
among different researchers. The thermo-cyclic fatigue
life and thermal shock life reached approximately 2150
and 10,000 cycles, as reported by Bernard et al. [385]
and Curry et al. [390], respectively. The columnarstructured TBCs show dramatic microstructural
changes during long-term high-temperature exposure.
The inter-column spacing of coatings is enlarged due
to the severe sintering process, resulting in the
formation of vertical cracks and the merging of narrow
columns [391]. The pores within the columns show
different changes depending on their size. The number
of coarse pores usually increases due to the enlargement
of inter-column spacing and pore coalescence, whereas
the fine pores tend to disappear due to densification
during thermal exposure. The microstructural change
can thereby facilitate the ingress of hot gas, accelerate
the oxidation of the bond coat, and reduce the thermal
cycling life.
In brief, with good strain tolerance, more attention
should be given to the relatively low cohesion within
the SPS/SPPS ceramic top coat. Improving the coating
cohesion will help to further prolong the coating
lifetime.

was used to prepare various optical and microelectronic
films, which marked the beginning of EB-PVD
technology from research to industrial application [392].
In the early 1980s, EB-PVD technology was adopted
in the laboratory to obtain high-quality TBCs with
good repeatability. In the 1990s, some companies
began to use the EB-PVD process to prepare TBCs on
rotor blades of aero-turbine engines.
EB-PVD was developed from vacuum evaporation
technology and is widely used in coating materials.
The principle of this process is that the cathode heats
up and emits a large number of electrons, which are
accelerated in a high-voltage electrostatic field, and
then focused by a focusing system to form an electron
beam with extremely high energy density. The electron
beam deflects by the action of the electromagnetic
field, bombards the surface of the target material to
heat the material to be evaporated to a molten and
evaporated state, and condenses on the surface of the
substrate to form a coating [11].
At present, the most widely-used methods for
preparing TBCs are plasma spraying and EB-PVD.
Due to the difference in deposition principle, EB-PVD
coating and plasma spray coating have completely
different microstructures. EB-PVD first forms a layer
of fine equiaxed crystals on the substrate, and then
forms texture and columnar crystals on it, as shown in
Fig. 68 [6].
The deposited film consists of columnar crystals
growing perpendicular to the substrate and separated
from each other, which can deflect the crack propagation
parallel to the substrate. SEM observation shows that
the columnar crystallites in TBCs prepared by EB-PVD
method contain a large number of nano-scale structural
defects, and the surface of columnar crystals is not
smooth and presents a feather-like structure [393,394].
Columnar crystallites contain tiny but numerous pores,

4.2.2 Electron beam-physical vapor deposition

In the 1930s, the combination of electron beam
technology and physical vapor deposition technology
Table 6 Thermal conductivities of SPS TBCs with
different column morphologies at 1200 ℃ [387]
Coatings with different
column morphologies

Thermal conductivity
(W·m–1·K–1)

Dense compact columns

1.99

Dense feathery-like columns

1.45

Porous feathery-like columns

1.04

Fig. 68 Cross-sectional microstructure of EB-PVD
coatings. Reproduced with permission from Ref. [6],
© The Author(s) 2021.
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which agglomerate when heated. The columnar crystal
structure can significantly improve the strain tolerance
of the coating and the thermal shock resistance of the
coating. However, compared with the films deposited
by APS, the films prepared by EB-PVD have higher
overall thermal conductivities and poorer thermal
shielding performance. The columnar microstructure of
EB-PVD TBC was modified with controlled microporosity
and diffuse sub-interfaces (Fig. 69), which can lead to
lower (20%–30% depending up on microporosity volume
fraction) thermal conductivity, higher (15%–20%) thermal
reflectance, and more strain tolerance compared with
standard TBC [395].
It is generally acknowledged that the thermal shock
life of EB-PVD coating is much longer than that of
APS coating due to high strain tolerance. The failures
of both TBCs usually occur at or near the TBC/TGO or
TGO/bond coat interfaces due to the strong influence
of oxidation of the bond coats on TBC failure. The
APS TBCs are more susceptible to failure out in the
TBC away from the TBC/TGO interface due to the
presence of splat boundaries in the TBCs [396]. It is
reported that the double ceramic coating by EB-PVD
exhibits a higher thermal cycling lifetime. Shen et al.
[397] prepared the LaZrCeO/YSZ double ceramic
layers (LZC/YSZ DCL) TBCs by EB-PVD technology.
The thermal lifetimes of the three coatings (LZC, YSZ,
and LZC/YSZ) were investigated under the same
conditions. The thermal shock and the thermal cycling
fatigue life of the LZC/YSZ DCL TBCs at 1100 ℃
are 13,508 and 1132 cycles, respectively. The LZC/YSZ
DCL coatings have the longest lifetime compared with
the single layer coating.
As a result, due to the dense structure and high
thermal conductivity, EB-PVD top coat is suitable for

rotating blades which need extremely high strain
tolerance. The possibility of reducing the thermal conductivity of EB-PVD top coat needs further investigation.
4.2.3 PS-PVD

PS-PVD is a unique technology based on the
combination of PS and PVD [398–400]. The feedstock
powders will be melted [401] and even be gasified
[9,398,402] because the input power of PS-PVD can
be as high as ~120 kW, and a low operating pressure
(50–200 Pa) is used. Therefore, PS-PVD bridges the
gap between conventional thermal spray and vapor
deposition and provides a variety of coating
microstructures composed of vapor, liquid, and solid
deposition units, such as layered coatings, columnar
coatings, and layer/pillar hybrid structure coatings
[403], which has attracted wide attention from experts
from all over the world.
PS-PVD technology is rapidly developed based on
low-pressure plasma spraying technology (LPPS)
[404,405]. Figure 70 shows the plasma jet images of
the three coating preparation technologies of APS,
LPPS, and PS-PVD [8]. It is obvious that PS-PVD jet
is obviously elongated and thickened due to the
extremely low operating pressure.
At present, the regulation of the preparation process
and coating structure is the main work of PS-PVD. The
relationships among the coating structure and operating
parameters, the coating properties, and the coating
structure have been studied. With the efforts of many
researchers, PS-PVD mechanism has gradually become
clearer.
In the following, the material’s footprint in PS-PVD
is traced, and the mechanism of PS-PVD for preparing
high thermal insulation and long-life columnar structure

Fig. 69 SEM micrographs showing fracture surfaces of 8YSZ produced by EB-PVD using two different approaches:
(a) “shutter” method and (b) “in & out” method. Reproduced with permission from Ref. [395], © Kluwer Academic Publishers
2004.
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Fig. 70 Images of PS-PVD plasma jets expanding at
different pressures: (a) 100 kPa (APS), (b) 15 kPa (LPPS),
and (c) 150 Pa (PS-PVD). Reproduced with permission
from Ref. [8], © The Nonferrous Metals Society of China
and Springer-Verlag GmbH Germany, part of Springer
Nature 2020.

coatings is introduced. In view of the transport and
transformation behavior of the deposition units and the
deposition mechanism, PS-PVD process can be
divided into three steps [406]: (1) heating behavior of
the material in the nozzle, (2) material transport and
state change in plasma jet, and (3) the coating formation.
A typical powder for PS-PVD with a powder
particle size of 5–22 μm is shown in Fig. 71 [406,407].
The results by Mauer [408] pointed out that the heat
flux in the O3CP torch is as high as 108 W·m−2. When
applying Ar/He mixed gases, the enthalpy transferred
from the plasma to the material powders is sufficient to
evaporate particles of up to 0.92 μm in diameter, as
shown in Fig. 72(a). Furthermore, the heat transfer
between the plasma and powder particles at different
input powers was theoretically studied [409], as shown
in Fig. 72(b). The results indicated that at a power level

Fig. 71 YSZ powder for PS-PVD. Reproduced with
permission from Ref. [407], © Elsevier B.V. 2015.

of 60 kW and above, particles smaller than ~1.5 μm
can be fully evaporated.
After heat exchange in the nozzle, the materials exit
the nozzle together with the high temperature and
high-pressure plasma gas. The plasma jet can be
enlarged to 1000–2000 mm in length and 20–40 mm in
diameter due to the reduced pressure compared to the
atmospheric conditions. Under this special plasma jet
condition, whether the molten particles or the vapor
materials, their state changes must be different from
those of the conventional plasma spray. The state
variation of liquid and gas phases in PS-PVD jet based
on the plasma jet characteristics detected by optical
emission spectroscopy (OES) was investigated
[410–412]. The results show that molten ZrO2 with a
diameter of < 0.28 μm can be completely evaporated
within a spray distance of 450 mm, as shown in Fig. 73.
In addition, the maximum vapor material content that
can be thermodynamically allowed to exist anywhere
in the plasma jet was obtained, as shown in Fig. 74. The

Fig. 72 Results of heat transfer calculations in torch nozzle: (a) enthalpy transferred to spherical particles as a function of
particle diameter (all results for three investigated plasma parameters: 35Ar 60He 2600A, 35Ar 60He 10H2 2200A, and 100Ar
10H2 2200A) and (b) effect of power on evaporated particle size. Reproduced with permission from Ref. [408] for (a), ©
Springer Science+Business Media New York 2014; Ref. [409] for (b), © ASM International 2017.
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Fig. 73 Evaporation of molten ZrO2 in plasma jet: (a) evaporation model of molten ZrO2 in plasma jet. Here, Qevap is the heat
taken away by evaporation; r is the initial size of the molten ZrO2; T is the initial temperature of molten ZrO2; mconv is the
vaporized mass of molten ZrO2; Qconv is the heat transfer by the plasma jet; and T' is the temperature of residual molten ZrO2.
Enthalpy transferred from plasma jet to molten ZrO2 as a function of (b) diameter and (c) change in molten ZrO2 size along
spray distance. Reproduced with permission from Ref. [410], © ASM International 2017.

Fig. 74 Thermodynamic carrying capacities of the
plasma jet. VP represents the vapor pressure of ZrO2.
Reproduced with permission from Ref. [411], © Elsevier
B.V. 2017.

results indicate that both plasma temperature and
operating pressure restrict the state of the vapor
material in the plasma jet. More importantly, the
boundary layer near the substrate is an important
position for the state variation of gas phases, as shown
in Fig. 75, and the gas phase is more likely to form into
clusters when it is closer to the substrate and the edge
of the plasma jet [413].
PS-PVD has received extensive attention due to its
strong vapor deposition ability. Although the deposition
mechanism of PS-PVD has been studied by coating
morphology and classical nucleation theory, the vapor
deposition mechanism of PS-PVD is still not available.

Fig. 75 Effects of spraying distances on boundary layer with spraying distance (SD): (a) 1200 mm, (b) 800 mm, and (c) 600
mm (the red arrows represent the increasing trend of supersaturation with a powder feed rate of 20 g·min−1). Reproduced with
permission from Ref. [413], © Elsevier B.V. 2018.
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A microscopic line-of-sight deposition model of
PS-PVD vapor deposition is proposed, as shown in Fig.
76 [414].
Based on this model, the Monte Carlo method is
used to simulate the microscopic line-of-sight deposition
behavior of vapor materials. The deposition process

Fig. 76
Vapor ballistic deposition (VBD) model.
Reproduced with permission from Ref. [414], © Published
by Elsevier B.V. 2019.

and simulation results are compared with the actual
coating, and the results are shown in Fig. 77 [414]. By
comparing the simulation with the actual coating
structure, it can be seen that the coating has a columnar
structure. Because the simulation process does not
consider the diffusion on the coating structure, the
actual coating structure is denser than the simulation
result. Figures 77(a)–77(d) are schematic diagrams of
the vapor deposition process. It can be seen that in the
initial stage of deposition, the substrate surface began to
fluctuate, from smooth to rough, and further deposition,
the columnar structure began to appear. As the deposition
continued, the columnar structure continued to grow.
In short, PS-PVD top coat possesses the advantages
of both APS lamellar top coat and EB-PVD columnar
top coat. However, the erosion resistance of this
coating limits long lifetime. Increasing the hardness
and particle erosion resistance is a key point in future
development.

Fig. 77 Structure development of coating: (a) rapid formation of rough fluctuations, (b) formation of initial columnar
structures, (c) coating growth, (d) final coating with feather-like columnar structures, (e) polished section of coating, and (f)
cross-section morphology of fractured coating. Reproduced with permission from Ref. [414], © Published by Elsevier B.V. 2019.

www.springer.com/journal/40145

J Adv Ceram 2022, 11(7): 985–1068

4. 3

1051

TBCs with nanostructure inclusion

If unmelted parts of nanostructured power particles are
included in the top coat during coating deposition, a
TBC with nanostructure inclusions will be produced.
It is known that the mechanical performance of
materials (hardness, strength, ductility, and toughness)
can be significantly improved when the grain size can
be reduced from microscale to nanoscale (i.e., < 100 nm)
[415–417]. Therefore, nanostructured TBCs have
emerged as a potential choice to resist sintering-induced
degradation during thermal service [418–421]. Nanostructured TBCs appear to have a bimodal structure,
which means that the nanozones are often embedded in
the lamellar zones, as shown in Fig. 78 [421].
A major challenge is how to retain the nanostructured
feature in TBCs. In conventional plasma spraying,
power particles are mainly fully melted and impacted
on a substrate followed by lateral flattening, rapid
solidification, and cooling [112,422]. However, the
fully molten nanostructured powders will undergo
solidification, nucleation, and growth, which is similar
to the conventional behavior [423]. As a result, the
coating will exhibit a typical lamellar structure [112,151].
This suggests that the fully molten particles are often

Fig. 78 Typical schematic of nanostructured TBCs with
a bimodal structure. Reproduced with permission from
Ref. [421], © ASM International 2007.

deleterious to the original nanoscale powders. Thus, it
is necessary to retain the unmolten zones to inherit the
desired properties. Therefore, nanostructured TBCs
should be sprayed in a special state in which partially
molten and fully molten particles co-exist. Figure 79
shows the structure of nanostructured TBCs [379]. The
fully molten particles form a lamellar structure, which
acts as the matrix of the coating to provide sufficient
particle adhesion and cohesion. In contrast, the
nanozones can be retained due to the partially molten
particles. The nanozones are embedded into the
lamellar zones, which can be regarded as binders.
It is clear that the spray parameters will determine
the melting degree, and thus affect the properties of the
nanostructured TBCs. It is suggested that the particle
temperature in plasma flame should be slightly higher
than its melting point [421,424]. In addition, the powder
size distribution also affects the generated bimodal
structure [425].
Figure 80 shows the microstructure evolution of
conventional and nanostructured TBCs during thermal
exposure [379]. For conventional TBCs, the initial
lamellar structure disappeared, and the coating became
much denser. In contrast, for nanostructured TBCs,
some large-scale pores can be found at the interface of
lamellar zone and nanozone, even though the lamellar
zones become denser. This is highly related to the
bimodal structure of nanostructured TBCs. At lamellar
zones, the stacking of the splats results in a lamellar
structure with connected 2D pores. During thermal
exposure, the pore surface becomes roughened, which
causes multiple contacts at counter-surfaces. As a
result, the 2D pores are healed, and the lamellar zones
become denser. The nanozones exhibit a loose structure
with a large quantity of nano-voids. During thermal
exposure, the isotropic nanozones will be contracted to
be denser. The differential changes during sintering of

Fig. 79 Nanostructured TBCs: (a) bimodal structure of lamellar zones and nanozones and (b) nanozones at high magnification.
Reproduced with permission from Ref. [379], © ASM International 2008.
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the lamellar zones and nanozones will cause interfacial
opening, which refers to the large-scale pores shown in
Fig. 80.
Figure 81 shows the changes in thermal conductivity
and elastic modulus as a function of thermal exposure
[379]. A common phenomenon is that the increases in
mechanical and thermal properties are non-linear. A
very large increase at initial short durations changed
into a slight increase at long durations. However,
nanostructured TBCs appear to resist degradation. In
the as-deposited state, the elastic modulus and thermal
conductivity are lower with respect to the corresponding
conventional TBCs. Moreover, during thermal exposure,

the increase of coating properties is not as significant
as that of conventional TBCs. This suggests that the
nanostructured TBCs can retain high thermal insulation
and strain tolerance during thermal exposure. The main
cause is the newly-formed large scale pores at the
interface of lamellar zones and nanozones [138].
Owing to the bimodal structure that resists degradation
in strain tolerance, nanostructured TBCs often have
superior reliability compared to conventional TBCs. It
has been reported that nanostructured TBCs have the
potential to achieve longer lifetimes during thermal
shock tests [426], as shown in Fig. 82.
In brief, TBCs with nanostructure inclusions also

Fig. 80 Microstructural evolution of conventional and nanostructured TBCs during thermal exposure at 1400 ℃: (a)
conventional TBCs at 0 h, (b) conventional TBCs at 20 h, (c) nanostructured TBCs at 0 h, and (d) nanostructured TBCs at 20 h.
Reproduced with permission from Ref. [379], © ASM International 2008.

Fig. 81 Changes in (a) thermal conductivity and (b) elastic modulus during thermal exposure. Reproduced with permission
from Ref. [379], © ASM International 2008.
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Fig. 82 Comparison of lifetime during the thermal shock test: (a) conventional TBCs with 200 cycles and (b) nanostructured
TBCs with 530 cycles. Reproduced with permission from Ref. [426], © ASM International 2010.

suffer from the degradation of cracking resistance of
the top coat, which is similar to micro-lamellar-zone/
nano-zone bimodal design. Further efforts should be
made to enhance the top coat cohesion and thereby
improve the cracking and delamination resistance.

5

Conclusions and future outlook

To meet the requirements for the continuous pursuit of
higher operating temperatures for gas turbine of higher
power generation efficiency, the TBCs with larger
thermal barrier, better environmental tolerance, and
longer lifetime are required. Thus, both new ceramic
materials and novel designs of ceramic coating
structures for TBCs are reviewed in this paper based
on a comprehensive understanding of stress induced
cracking and delamination behavior during thermal
exposure and thermal cycling.
For ceramic top coat, zirconia-based ceramics are
still widely used because they have high toughness
and good thermal matching with the substrate. Except
for purification and multi-components alloying of
zirconia-based materials, some newly-developed rareearth oxides, such as rare-earth niobates (RE3NbO7 and
RENbO4), rare-earth tantalates (RETaO4), and rare-earth
zirconates, show better high-temperature stability
without unexpected phase transformation and lower
thermal conductivity, while the fracture toughness and
CTE should be further improved, aiming at better
thermal matching with the substrate and better strain
tolerance and thereby a longer lifetime.
To comprehensively understand the durability of
TBCs, the generation of various stresses, stress

induced cracking-delamination, and the final spallation
of ceramic top coat are summarized together with the
oxidation scale growth. In addition, the corrosion and
erosion of the top coat also contribute to the coating
failure. Aiming at a longer lifetime, reducing multi-source
stresses, increasing top coat cohesion and adhesion,
enhancing corrosion resistance, and improving erosion
resistance need to be extensively investigated, as well
as improving the oxidation resistance of metallic bond
coat in high-temperature oxidation environments.
To further improve the functions and lifetime of
TBCs, novel structure design is also an important issue.
For lamellar structures with higher thermal barrier
performance, multilayer design and micro-lamella/
nano-zone bimodal design can lead to longer lifetime.
For columnar structures with better strain tolerance,
SPS/SPPS and PS-PVD are probed to decrease the
thermal conductivity and thereby increase the thermal
barrier performance. How to combine these two typical
structures into one novel structure remains an open
question aiming at simultaneously improving both the
functions and durability of TBCs.
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